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Abstract 
The present work deals with the texture, dislocation and lattice strain evolution under uniaxial 
tension. The in situ experiments were carried out using high-energy X-ray diffraction and a 20 
kN universal tensile machine. The anisotropic mechanical behavior is revealed through the 
reflex-dependent lattice strain evolution of flat samples under uniaxial tension.  
The as-received material is a 29.5 mm thick aluminum block with strong texture gradient 
along the block thickness. In the first experiment, two tensile samples from 7.5 mm below the 
surface were prepared along the RD (rolling direction). The two samples have the 
deformation texture (copper type) with sharpness of 10 mrd (multiples of random distribution). 
One sample is used to study the texture evolution and the other sample is used to determine 
the lattice strain evolution and dislocation evolution during uniaxial tension. During the 
tensile test, the texture changes slightly due to the low amount of deformation from initial 
state to sample fracture. In contrast, significant changes in reflex-dependent lattice strains are 
observed. In the elastic region, the {111} lattice planes are the stiffest, as in theory, but the 
{200} lattice planes are not the most compliant ones due to the interaction with neighboring 
grains having other orientations. Moreover, the Young’s modulus of {311} lattice planes is less 
affected by the texture of 10 mrd. The work hardening during plastic deformation shows a clear 
dependence on the grain orientations, as shown by the reflex-dependent lattice strains. The 
essential difference of work hardening as a function of grain orientation is based on two types 
of dislocation arrangements, the so called [111] tension stress state and [100] tension stress 
states. Load release first starts on the {111} and {222} lattice planes before macroscopic UTS 
(ultimate tensile strength). After UTS all lattice planes experience load release. The dislocation 
density evolution indicates that in the elastic region, dislocation density decreases as the tensile 
stress increases. From YS (yield strength), the increase of dislocation density causes the work 
hardening. Near UTS region, the dislocation density becomes constant. Further beyond UTS, 
some grain orientations show further work hardening while other grain orientations show 
softening. It leads to a slight increase in the dislocation density. In the fracture region, a 
significant increase of dislocation density is observed. It results from the reversal stress 
(compressive stress) which is formed outside the necking zone, caused by the return of elastic 
strain. 
In a second experiment the anisotropic behavior of AA 7020-T6 sample with maximum 
orientation density of 29.7 mrd was investigated. For this purpose, three flat samples from the 
center of the Al-block were prepared, with the orientations of 0° to RD, 45° to RD and 90° to 
RD. The uniaxial tensile tests were carried out till UTS, which shows three stress-strain curves 
with different yield strengths, ultimate tensile strengths and elongations. The in situ 
experiments were performed in HEMS@PetraIII/DESY. Due to the low elastic anisotropy of 
aluminum, the yield strengths, which were determined from the reflex-dependent lattice strain 
evolution, show only small variation. The plastic anisotropy is much stronger, which can be 
observed from the lattice strain evolution of all the three samples. The tensile test of the 45° to 
RD sample shows lowest values of YS and UTS. The variation of lattice strain shows that 
differently oriented grains undergo different stresses. This effect is greatest in the 45° to RD 
sample. Overall, the 45° to RD sample shows the most specific characteristics, because less 
(111) and more (200) grain orientations are available. 
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Zusammenfassung 
 
Die vorliegende Arbeit befasst sich mit der Entwicklung der Textur, den Versetzungsdichten 
und den reflexabhängigen Dehnungen während eines uniaxialen Zugversuches. Das in situ 
Experiment würde mittels hochenergetischer Röntgendiffraktion und einer 20kN Zuganlage 
durchgeführt. Mit Hilfe der reflexabhängigen Dehnungen wurden Aussagen über die 
Anisotropieeigenschaften der Blechprobe gemacht.  
Bei dem Ausgangsmaterial handelte es ich um einen Aluminiumblock von 29,5mm Dicke mit 
starkem Texturgradienten über die Blockdicke. In einem ersten Experiment wurden zwei 
Zugproben aus einer Tiefe von 2,5mm unterhalb der Oberfläche präpariert. Die 
Deformationstextur dieser Probe (Kupfertyp) hat eine Texturschärfe von 10mrd. Eine Probe 
wurde zur Studie der Texturentwicklung verwendet und an der zweiten Probe wurden 
Gitterspannungen und Versetzungen bei uniaxialer  Zugspannung  bestimmt. Während des 
Zugversuchs ändert sich die Textur ändert sich nur wenig. Der Grund ist die geringe 
Verformung der Probe bis zum Bruch. Dagegen sind deutliche Änderungen der 
reflex-abhängigen Gitterspannungen zu beobachten. Die härteste Ebene ist die {111}, wie von 
der Theorie vorhersagt, aber {200} ist nicht die weichste Orientierung, was durch den 
Einfluss benachbarter Körner erklärt werden kann. Es wurde festgestellt, dass der E-Modul 
der Körner mit {311} Orientierung nur wenig von der Textur beeinflusst wird. Die 
Kaltverfestigung während der plastischen Verformung zeigt eine deutliche Abhängigkeit von 
der Korn-orientierung, wie der Verlauf der reflexabhängigen Gitterdehnungen zeigt. Der 
wesentliche Unterschied der Kaltverfestigung als Funktion der Kornorientierung beruht auf 
zwei Typen der Versetzungsanordnung, dem sogenannten [111] Dehnungsstress-Zustand und 
dem [100] Dehnungsstress-Zustand. Der Abfall der angelegten Zugspannung im 
Spannungsdehnungs-diagramm wurde zuerst bei {111} und{222} schon vor Erreichen der 
Zugfestigkeit beob-achtet. Nach Erreichen der Zugfestigkeit ist der Abfall der angelegten 
Spannung bei fast allen Reflexen zu beobachten. Die Defektdichteentwicklung als Funktion 
der Zugspannung zeigt, dass im elastischen Bereich die Defektdichte abnimmt. Ab der 
Streckgrenze bewirkt die Kaltverfestigung eine kontinuierliche Zunahme der Defektdichte. 
Diese Entwicklung geht in einen Teil  mit konstanter Defektdichte um die Zugfestigkeit über. 
Weitere Belastung über Zugfestigkeit zeigt Kornorientierungen, die weiter Verfestigen, 
während andere Kornorientierungen entfestigen. Dies führt zu einem leichten Anstieg der 
Defektdichte. In dem Versagensbereich ist ein deutlicher Anstieg der Defektdichte zu 
beobachten. Es baut sich eine Gegenspannung (Druckspannung) außerhalb der Bruchzone auf, 
die durch die Rückführung der elastischen Dehnung verursacht wird. 
In einem zweiten Experiment wurde das anisotrope Verhalten der AA 7020-T6 Probe mit 
einer Orientierungsdichte von 29.7mrd untersucht. Dazu wurden aus dem Zentrum des 
Al-Blocks Flachzugproben mit den Orientierungen 0° zur WR (Walzrichtung), 45° zur WR 
und 90° zur WR genutzt. Die einachsigen Zugexperimente wurden bis zum Erreichen der 
Zugfestigkeit (Rm) durchgeführt und zeigen unterschiedliche Streckgrenzen (Rp0.2), 
Zugfestigkeiten und Dehnungen der drei Spannungs-Dehnungs-Kurven. Die in situ 
Experimente wurden an HEMS@PetraIII/DESY durchgeführt. Wegen der geringen 
elastischen Anisotropie von Al zeigen die Streckgrenzen, die aus reflexabhängigen 
Dehnungs-entwicklung bestimmt worden sind, nur geringe Variation. Die plastische 
Anisotropie ist deutlich stärker, was an der Entwicklung der einzelnen Gitterdehnungen für 
alle drei Proben zu sehen ist. Das Zugexperiment der Probe 45° zur WR liefert die geringsten 
Rp0.2, Rm Werte. Die Variation der Gitterdehnung zeigt, dass unterschiedlich orientierte 
Körner unterschiedliche Verformungsspannungen aufnehmen. Dieser Effekt ist bei der Probe 
45° zur WR am größten. Insgesamt zeigt diese Probenorientierung die meisten 
Besonderheiten auf, da sehr wenig (111) und sehr viel (200) Kornorientierungen vorhanden 
sind. 
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1. Introduction and Aims 
1.1 Introduction 
Most engineering materials respond to an external stimulus in anisotropic way due to the 
presence of preferred orientation, called texture, which leads to the physical properties of the 
material depending on directions, thereby having a profound influence on the formability of 
the material. Macroscopically, a well-known example in industry is the earing occurred during 
deep drawing of a textured sheet [1-4], which is attributed to the texture-induced different 
radial elongations in different directions. Figure 1.1 shows the 0°/90° earing and the 0°/90° 
and 45° mixed earing and the corresponding textures. 
  
(a) 0°/90° earing and its texture 
   
(b) 0°/90° and 45° mixed earing and its texture 
Figure 1.1: Earing in deep drawing textured sheet [5-6]. 
Texture-induced anisotropy has been investigated by many researchers and the theoretical 
calculations are in good agreement with the experimental observations in many cases [7-10]. 
Plastic anisotropy of rolled sheet is normally characterized by r-value [11], which is defined 
as the ratio of plastic strain in width direction to that in through-thickness direction during 
tensile testing. Also plastic anisotropy can be characterized by yield locus, which is a 
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mathematic way of expressing the stress state causing yielding [12-13]. However, it is not 
convenient to obtain the above-mentioned two parameters from both experiment and the 
theoretical calculations for textured materials [14]. Moreover, these two parameters cannot 
give information about what is the cause of the anisotropy in a vivid way. Other parameters 
which are simple and clear should be utilized to exhibit the anisotropic behavior. Lattice 
strain evolution offers a way to investigate the anisotropic behavior. Lattice strain can be 
obtained directly by diffraction methods such as neutrons and X-rays which allows to 
determine the lattice spacing of individual {hkl} lattice planes oriented in a specific 
direction[15-17]. Therefore, in the present study, orientation dependent lattice strain evolution 
of a highly textured AA 7020 is investigated in three orientations during uniaxial tensile 
loading using synchrotron X-ray diffraction, which gives insight into the reasons for the 
anisotropy. According to previous investigations, for a randomly oriented material, the lattice 
strain is dominated by single crystal anisotropy in elastic region, but for a textured one, lattice 
strain is determined by both single crystal anisotropy and preferred orientations [18-20]. In 
plastic region, many factors may contribute to the anisotropic behaviors. They include single 
crystal anisotropy, plastic anisotropy (slip prefers in special orientations), preferred 
orientations etc. Preferred orientations strongly influence the orientation correlation between a 
grain and its adjacent grains, thereby playing an important role in plastic anisotropy. Besides, 
preferred orientations also decide the amount of grains with specific {hkl} planes orientated 
in a special direction, resulting in the anisotropic behavior along different directions. 
Furthermore, it is important to investigate how the grains rotate and how the defects in a 
material develop during deformation, both of which influence the lattice strain evolution. In 
situ investigation using synchrotron radiation coupled with the fast read-out area detector 
makes it possible to get a set of Debye-Scherrer rings in a short time, due to the high 
brilliance of the X-ray beam and the short acquisition time. Grain rotation can be determined 
by the pole figure measurement within several minutes while defects and lattice spacing by 
the diffraction pattern measurement within several seconds. Therefore, one can get the instant 
microstructure information at any points during deformation.  
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1.2 Aims and Objectives 
• Study the texture evolution of a textured AA 7020-T6 (maximum orientation density 9 
mrd) under uniaxial tension using in situ synchrotron X-ray diffraction.  
• Study the lattice strain evolution of the crystallites oriented in specific directions such 
as loading direction (LD) and perpendicular to LD under uniaxial tension using in situ 
synchrotron X-ray diffraction. It is aimed to understand how the grains oriented in 
different directions with respect to LD behave during uniaxial tension. The initial 
maximum orientation density of the investigated sample is 10 mrd.  
• Study the dislocation evolution of a textured AA 7020-T6 (maximum orientation 
density 10 mrd) under uniaxial tension through peak broadening analysis using in- situ 
synchrotron X-ray diffraction. 
• A peak broadens as the thickness of the sample increases when the sample is 
investigated by X-ray diffraction in transmission geometry. Thus, it is aimed to 
develop a method to correct the peak broadening caused by sample thickness. 
• Study the anisotropic mechanical behavior of grains oriented in different directions 
with respect to the rolling coordinate, i.e. 0° to RD, 45° to RD and 90° to RD through 
the lattice strain evolution under uniaxial tension using in situ synchrotron X-ray 
diffraction. The maximum orientation density of the investigated AA 7020-T6 samples 
is 29.7 mrd. 
• Study the mechanisms which contribute to the different stress-strain behavior of the 
{hkl} lattice planes oriented in the different directions of highly textured AA 7020-T6 
(maximum orientation density 29.7 mrd). 
 
Fundamentals 
- 4 - 
 
2. Literature survey 
2.1 Introduction to Aluminum and its alloys 
Aluminum, the third most abundant element in the Earth’s crust, is the most utilized 
non-ferrous metal in the world. Aluminum and its alloys have become increasingly important 
in many aspects of industry such as in the production of automobiles and aerospace 
equipment, construction of building etc., due to low density, high strength-to-weight ratio and 
high resistance to corrosion.  
Large varieties of aluminum alloys are being utilized in industrial applications. According to 
forming procedures, aluminum and its alloys are divided into two groups: cast or wrought. 
For casting alloys, the products are formed by pouring the molten alloys into molds which 
have cavities similar to the shapes of the finished components. For the wrought alloys, the 
products are formed by hot and/or cold deformations, such as hot and cold rolling, drawing, 
forging, and extrusion. According to the alloying elements, wrought aluminum alloys are 
mainly divided into the following categories: unalloyed Al, Al-Cu, Al-Mn, Al-Si, Al-Mg, 
Al-Mg-Si, Al-Zn-Mg and Al plus other elements alloys. Therefore, there are 8 groups of 
Aluminum wrought alloys.  
AA 7020 alloy belongs to the Al-Zn-Mg system in 7xxx series aluminum alloys, which are 
called high strength aluminum alloy. Zn and Mg are the principle alloying elements of this 
group. Mg addition in 7xxx series aluminum alloys greatly reduces the low temperature 
solubility of Zn in Al [21]. The alloys in this series have high age-hardening potential, 
especially with addition of Cu, leading to ultimate tensile strength from 220 to 610 MPa, 
depending on the amount of Cu. Cu addition above 0.25 % (weight percent) increases the 
strength of Al-Zn-Mg alloys [22], and it can improve the resistance to the stress corrosion 
cracking [23]. However, the addition of Cu up to 1% copper to the Al-Zn-Mg alloys does not 
have significant influence on the precipitation mechanism. In this case Cu remains mainly in 
the solid solution. Aging of AA 7020 alloy, the following phases are formed: GP 
(Guinier-Preston) zone (MgZn), η’ (metastable phase of MgZn2), η (MgZn2) and T 
(Al2Mg3Zn3 or (AlZn)49Mg32). Spherical GP zones are formed after quenching and during 
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aging from room temperature up to around 162 ℃. Firstly, the GP zones are mainly in the 
form of Zn clusters. Then, Mg diffuses to the clusters with the help of vacancies [24] to form 
GP zones with average Zn:Mg ratio of 4:1 [25]. The GP zones formed during low temperature 
aging have considerably low coherency strains, making deformation before aging have little 
or no effect on the precipitation behavior [26-27]. The strengths of the materials depend on 
the size and distribution of the precipitations. The maximum strength is achieved by T6 
treatment (470 °C solution treatment plus 160°C artificially aged). Due to the superior 
strength, the alloys are widely applied in aircraft construction, military, structural parts in 
building construction, etc.    
 
2.2 Crystallography of Aluminum 
Aluminum possesses face-centered cubic (fcc) structure after crystallizing, the space group of 
which is Fm-3m (No.225). The fcc unit cell consists of an atom at each corner of the unit cell 
and an atom situated in the center of each face. Therefore, a unit cell contains four atoms. 
Figure 2.1 (a) shows the unit cell of fcc structure and (b) shows the primitive rhombohedral 
unit cell of fcc structure. Each atom has 12 nearest neighbors at distance of a/ 2  where a is 
the lattice constant of Aluminum. The proportion of the space filled by the atoms in a unit cell, 
i.e. the packing fraction, is 0.74.  
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        (a)                                  (b) 
Figure 2.1: (a) The unit cell of fcc crystal structure, (b) the primitive unit cell of fcc crystal 
structure. 
 
Atoms are in contact along the line joining their centers in the <110> directions of the lattice, 
which are called close-packed directions. Viewing the fcc lattice space from any of <111> 
directions, each atom in the {111} planes is in contact with other six atoms with equal 
distance in the same plane, as shown in Fig. 2.2. The {111} planes are termed as 
closed-packed plane due to the closest packing arrangement of atoms. In a specific {111} 
planes, for example, (111) plane, the centers of atoms are located at A in Fig. 2.2. Projecting 
the centers of the atoms in the adjacent (111) plane onto this plane, they are located at 
positions marked as B in Fig. 2.2. The atoms in the adjacent (111) plane are shown in dotted 
cycles. Projecting the centers of atoms in a third adjacent (111) plane onto the plane marked 
as A, they occupy the positions marked as C. If stacking the close-packed planes successively 
such that they follow the sequence ABCABC…, an fcc crystal structure forms.  
 
Fundamentals 
- 7 - 
 
 
Figure 2.2: Atoms arrangements in the {111} planes. 
 
2.3 Basic dislocation theory  
2.3.1 Dislocation types and slip 
Dislocations are one dimensional crystallographic defects in a crystal structure, the lines of 
which separate the regions on the slip plane where slip has occurred from those it has not, 
with atoms misaligning around the dislocation lines in a distance smaller than interatomic 
distance along the <110> direction in the case of fcc materials with respect to the perfect 
crystal structure, and atom misalignment gets smaller as the distance from the dislocation line 
increases. Two main types of dislocations are existed in a crystal structure, i.e. edge 
dislocation and screw dislocation. An edge dislocation is a linear defect with an extra 
half-plane of atoms inserted in a crystal, making distortion of atoms on the neighboring planes, 
as shown in Fig. 2.3 (a). The dislocation line of an edge dislocation is the line extending along 
the end of the extra half-plane. A screw dislocation forms when one part of the crystal is 
sheared from another part, causing spiral distortion close to the dislocation line, as shown in 
Fig. 2.3 (b). The dislocation line of a screw dislocation is the line along the center of the spiral 
of it. The Burgers vector of an edge dislocation is perpendicular to the dislocation line 
whereas that of a screw dislocation is parallel to the dislocation line. In real crystals, most 
dislocations have mixed edge and screw characters, as shown in Fig.2.3 (c). The dislocation 
on the left hand possesses edge dislocation character while the dislocation on the right hand 
possesses screw dislocation character. Between them, the dislocation has mixed characters. 
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Figure 2.3: Atomic alignment around (a) edge and (b) screw dislocation and (c) a curved 
dislocation with mixed characters of edge and screw dislocations [28]. 
 
Dislocations start to slip when an external applied stress reaches the critical resolved shear 
stress (CRSS) of the material. Slip occurs on the planes containing the dislocation line and 
Burgers vector which are called slip plane, and in the directions where the atoms are closed 
packed, called slip direction. The combination of a slip plane and a slip direction forms a slip 
system. Table 2.1 shows the slip systems in fcc metals. Figure 2.4 shows the slip of an edge 
dislocation.  
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Table 2.1: Slip systems in fcc metals. 
Plane a = (111) b = (-1-11)  c = (-111) d = (1-11) 
Direction 01-1 -101 1-10 0-1-1 101 -110 01-1 101 -1-10 0-1-1 -101 110 
Abbreviation aI aII aIII bI bII bIII cI cII cIII dI dII dIII 
  
 
Figure 2.4: Slip of an edge dislocation. 
 
2.3.2 Partial dislocations and stacking faults 
Slip systems in fcc crystals determine that the Burgers vector in such crystal is a/2<110>, 
corresponding to the shortest lattice vector. A dislocation with Burgers vector a/2<110> may 
dissociate into two dislocations, called partial dislocations, as shown in Fig. 2.5. The 
displacement produced by b1 can be dissociated by two steps, b2 + b3, which decomposes the 
perfect dislocation into two partial dislocations, called Shockley partials [29].  
[ ] [ ] [ ]121
6
211
6
101
2
aaa
+→                                                 (Eq. 2-1) 
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Figure 2.5: Dissociation of a dislocation into two partial dislocations [30]. 
 
When a perfect dislocation dissociates into two partial dislocations, there is a fault formed in 
the stacking sequence of the {111} planes, called stacking fault. It will change the stacking 
sequence ABCABC into ABCBC. The sequence at the fault becomes BCBC, which is a 
locally close-packed hexagonal structure. The region around stacking fault stands for a part of 
the crystal which undergoes slip between full slip and no slip. It has higher free energy than 
the fcc structure. The width between the two partial dislocations is determined by both the 
stacking fault which exerts a surface tension to pull the two dislocations together and the 
repulsion force between the two dislocations. The higher stacking fault energy, the smaller 
repulsion between the two partial dislocations and the narrower the stacking fault [31]. 
 
2.3.3 Cross slip in fcc metals 
The Burgers vector of an edge dislocation is perpendicular to the dislocation line while that of 
a screw dislocation is parallel to the dislocation line [32]. Therefore, screw dislocations can 
move from one slip plane to another, especially when they meet precipitates on the original 
slip plane. Figure 2.6 shows the process of cross slip in an fcc crystal. A dislocation loop is 
moving on a (111) plane. The dislocation loop is pure edge at positions of w and y, whereas at 
x it is a pure right-handed screw dislocation and at z it is a pure left-handed screw dislocation. 
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The dislocation loop tends to move on to the intersecting (1-11) plane due to the shear stress 
which causes the loop to expand (see figure 2.6 (b)). The pure screw dislocation at z is free to 
move on to the (1-11) plane (see figure 2.6 (c)). The dislocation loop slips back to a (111) 
plane in Fig. 2.6 (d), which is called double cross slip. Cross slip is easier to be activated in 
materials with high stacking fault energy, compared to low stacking fault energy materials. 
And the frequency of cross slip decreases as temperature drops down. It plays an important 
role in dislocation generation and annihilation.  
 
 
Figure 2.6: Cross slip in an fcc crystal [32]. 
 
2.3.4 Vacancies and dislocation climb 
Point defects inside a material include vacancies, interstitials and substitutional atoms. A 
vacancy forms when an atom is missing from a normal lattice position. Vacancies can be 
generated by thermal excitation and increase rapidly as temperature rises. At a given 
temperature and at equilibrium, the fraction of vacancies is constant, depending on the energy 
required to move an atom from the interior to the surface. More than equilibrium number of 
vacancies at room temperature can be generated by rapid quenching or by extensive plastic 
deformation. Vacancies are related to edge dislocation climb as shown in Fig. 2.7. A vacancy 
moves to the dislocation core while an atom at the dislocation core moves to the vacancy 
position, which makes a vision that the dislocation moves up to another plane, called 
dislocation climb. Dislocation climb increases the probability for dislocation annihilation as 
dislocations moves from one slip plane to another [33].  
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Figure 2.7: Climb of an edge dislocation. 
 
2.4 Deformation mechanism of fcc single crystals 
2.4.1 Schmid law 
The deformation of most fcc crystals is primarily by slip, which occurs on specific 
crystallographic planes in special crystallographic directions when the shear stress on the slip 
system reaches a critical value τc, called critical resolved shear stress. The criterion for 
initiation of slip is called Schmid law [34]. In the case of uniaxial tension, it can be written as  
ϕλστ coscos=c                                                       (Eq. 2-2) 
or mc /τσ =                                                          (Eq. 2-3) 
Where σ is the applied stress along the tensile axis; λ is the angle between the slip direction 
and tensile axis; φ is the angle between the slip plane normal and tensile axis; m = cosλcosφ 
which is called Schmid factor. Figure 2.8 schematically shows the relative orientations among 
the slip direction (s), slip plane normal (n) and tensile axis (TA).  
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Figure 2.8: slip plane normal and slip direction in uniaxial tension. 
 
2.4.2 Tensile deformation of fcc crystals.  
Representing the tensile axis in the basic stereographic triangle with [111], [110] and [100] at 
the corners, as shown in Fig. 2.9, the firstly initiated slip system can be found. For all 
orientations of fcc crystals within this triangle, the [101](11-1) slip system, called primary slip 
system, has higher Schmid factor than that of any other slip system, making this slip system 
slide first. If the tensile axis is located in any other stereographic triangle, the primary slip 
system may be found in the remote corners of the three neighboring triangles. The <111> in 
one of the three triangles is the normal of slip plane, and the <110> in another triangle is the 
slip direction. 
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Figure 2.9: Basic orientation triangle. If the tensile axis of an fcc crystal lies in this triangle, 
the most heavily stressed slip system is [101](11-1) [35]. 
 
The Schmid factors for the orientations within the basic stereographic triangle are shown in 
Fig. 2.10. When the tensile axis is located on the great circle between the slip direction and 
the normal of slip plane and the angles from tensile axis to the slip direction and to the slip 
plane normal are both equal to 45°, the Schmid factor has its highest value, m = 0.5.  
 
     
Figure 2.10: Orientation dependence of the Schmid factor for fcc single crystals [35]. 
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If the tensile axis is located on a boundary of the basic triangle, two slip systems are equally 
favored. The first system is the primary slip system while the second one is in the adjoining 
triangle. For example, the second system is [110] (1-11), called conjugate system, if the 
tensile axis is located at the [100]-[111] boundary. There are two other slip systems within the 
triangle. One is called critical slip system with Miller indices [10-1](111). The other one is 
called cross slip system with Miller indices [101](1-1-1), sharing the same slip direction with 
primary slip system. Screw dislocations can move from the primary plane to cross slip plane 
when they meet precipitates. Slip systems having the same slip plane as the primary system 
but having different slip directions are called coplanar slip system. The slip systems of fcc 
crystals are shown in their favored triangles in Fig. 2.11. 
 
 
Figure 2.11: Slip systems for fcc crystals in stereographic projection [35]. 
 
2.4.3 Lattice rotation during tension 
During tension, the angle between tensile axis and slip plane normal, φ, gets larger while the 
angle between the tensile axis and slip direction, λ, gets smaller. The changing rates of φ and λ 
as a function of engineering strain (ε) are written as: 
ϕ
ε
ϕ
cot=
d
d
                                                          (Eq. 2-4) 
Fundamentals 
- 16 - 
 
λ
ε
λ
tan−=
d
d
                                                         (Eq. 2-5) 
If the tensile axis lies in the plane consisted of the slip direction and the slip plane normal, λ + 
φ = 90°. In other cases, λ + φ ＞ 90°. Therefore, cot φ ≤ cot (90° - λ) = tanλ. Thus,  
ε
ϕ
ε
λ
d
d
d
d ≥
                                                           (Eq. 2-6) 
Equation (Eq. 2-6) shows the rotation rate of the slip direction towards the tensile axis is 
equal to or larger than the rotation rate of the slip plane normal away from the tensile axis. 
This rotation is regarded as the primary rotation, as shown in Fig. 2.12 (a).  
For an fcc crystal with orientation that the tensile axis is in the primary triangle, the tensile 
axis rotates towards the primary slip direction [101] along a great circle until it reaches the 
[100] – [111] boundary of the triangle. When the tensile axis reaches this boundary, the 
primary slip system and the conjugate slip system are equally favored. Slips by the two 
systems make the tensile axis rotate towards [211] along the [100] – [111] boundary. When 
the tensile axis reaches [211], the rotation towards the [101] direction will cancel the rotation 
towards the [110] direction. Therefore, [211] is the stable end direction.  
 
    
  (a) Slip by [101]( 11-1)          (b) Slip by both [101]( 11-1) and [110] (1-11) 
Figure 2.12: Rotation of fcc crystals by slip [35]. 
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2.5 Orientation dependence of Young’s modulus in fcc crystals 
The stiffness of a single crystal is anisotropic and depends on the crystallographic direction. 
According to the linear elasticity, strain components are linear function of stress components, 
which can be written as: 
mnijmnij se σ=                                                       (Eq. 2-7) 
The compliances, sijmn, have the following matrix format for the fcc structure: 
44
44
44
111212
121112
121211
00000
00000
00000
000
000
000
s
s
s
sss
sss
sss
                                           (Eq. 2-8) 
In order to find the Young’s modulus along any direction d, a single tensile stress σd along the 
direction vector d is supposed to exert on a cubic crystal, as shown in Fig. 2.13. The axes 1, 2, 
3 stand for the crystal axes [100], [010] and [001], and α, β and γ stand for the direction 
cosines of the vector d with the three axes.  
 
 
Figure 2.13: A direction vector d relative to the crystal coordinate. 
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The stress along the crystal axes can be expressed as: 
dσασ
2
1 = , dσβσ 22 = , dσγσ 23 = , dβγσσ =23 , dγασσ =31 , dαβσσ =12     (Eq. 2-9) 
According to Eq. 2-8, the corresponding strains are: 
dssse σγβα )( 2122122111 ++= , ds βγσγ 4423 =  
dssse σγβα )( 2122112122 ++= , ds γασγ 4431 =                             (Eq. 2-10) 
dssse σγβα )( 2112122123 ++= , ds αβσγ 4412 =  
Resolving these strain components onto the d axis,  
( ) dd eeee σαβγγαγβγγγβα 123123322212 +++++=                         (Eq. 2-11) 
Substituting Eq. 2-10 into Eq. 2-11, and using (α2 + β2 + γ2) = 1 and (α4 + β4 + γ4) = [1 – 2 
(β2γ2 + γ2α2 + α2β2)], the reciprocal of Young’s modulus along the direction d can be 
expressed as:  
))(22(//1 22222244121111 βααγγβσ ++++−+== sssseE ddd                (Eq. 2-12) 
If d is expressed by the Miller indices [hkl], then  
222/ lkhh ++=α  
222/ lkhk ++=β                                                 (Eq. 2-13) 
222/ lkhl ++=γ  
Equation 2-12 can be expressed as:  
( )2222
222222
441211
11
))(22(/1
lkh
khhllksss
sEd
++
++++−
+=                         (Eq. 2-14) 
Substituting 1/E[100] = s11, and 1/E[111] = (s11 + 2s12 +s44)/3, Eq. 2-14 can be written as: 
( )100111]100[ /1/1/1/1 EEfEEd −+=                                        (Eq. 2-15) 
where f = 3(β2γ2 + γ2α2 + α2β2). 
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2.6 Deformation models of polycrystalline materials 
The deformation mechanism models of polycrystalline materials are based on the properties 
of single crystals, although in real materials the interactions between neighboring grains make 
the deformation more complicated.  
 
2.6.1 Sachs model 
Sachs [36] proposed that all crystals inside the material undergo the same stress, and the 
tensile yield strength of the polycrystal is the average of yield strengths of all crystallites. The 
yield strength is 
cy
m
τσ
1
=                                                            (Eq. 2-16) 
where m is the Schmid factor for the most stressed slip system and τc is the critical resolved 
shear stress. For randomly oriented fcc polycrystal, the average value of (1/m) = 2.4. 
Therefore, the yield strength of fcc polycrystal σy = 2.4τc.  
In Sachs model, it is assumed that only one slip system is activated in each crystallite, by 
which the shape compatibility cannot maintained, although the stress continuity is maintained 
at grain boundary. The advantage of Sachs model is that it gives a valid lower bound to the 
strength in uniaxial tension. 
 
2.6.2 Taylor model 
Assuming the plastic strain is identical in all grains, Taylor model satisfies the strain 
compatibility requirement [37-38]. If uniaxial stress σz is applied to the z-axis, deformation 
occurs by axially symmetric flow. Therefore,  
zyx ddd εεε 2
1
−==    and 0=== yzxzxy ddd γγγ                           (Eq. 2-17) 
The work done on all slip systems within all grains in the unit volume is  
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∑∑ ==
i
ic
i
ic dddw γτγτ                                               (Eq. 2-18) 
where the critical shear stress for all slip systems is assumed to be the same and dγi is the 
shear strain increment on individual slip systems. For uniaxial tension the work done by 
external force per volume is: 
zzddw εσ=                                                          (Eq. 2-19) 
Therefore, 
zz
i
ic dddw εσγτ == ∑  or Md
d
z
i
i
c
z
==
∑
ε
γ
τ
σ
                              (Eq. 2-20) 
The M is the Taylor factor, which depends on the orientation of individual grains. The 
following discusses how to calculate the Taylor factor. Firstly, the external strains, dεx, dεy, 
dεz, dγyz, dγzx and dγxy relative to the 1, 2, 3 crystal axis are expressed as dε1, dε2, dε3, dγ23, 
dγ31 and dγ12. Secondly, in order to represent the strains caused by the {111}<110> slip 
systems in fcc crystals, each slip system is given a short name, as shown in Table 2.1.  
Projecting the strains caused by each slip system on the crystal axis, the expressions are as 
follows: 
  6/)(1 ⅢⅡⅢⅡⅢⅡⅢⅡ ddccbbaa ddddddddd γγγγγγγγε +−+−+−+−=  
6/)(2 ⅢⅠⅢⅠⅢⅠⅢⅠ ddccbbaa ddddddddd γγγγγγγγε −+−+−+−+=  
  6/)(3 ⅡⅠⅡⅠⅡⅠⅡⅠ ddccbbaa ddddddddd γγγγγγγγε +−+−+−+−=  
  6/)(23 ⅢⅡⅢⅡⅢⅡⅢⅡ ddccbbaa ddddddddd γγγγγγγγγ +−−+−−−+=         (Eq. 2-21) 
  6/)(31 ⅢⅠⅢⅠⅢⅠⅢⅠ ddccbbaa ddddddddd γγγγγγγγγ +−−+−++−=  
6/)(12 ⅡⅠⅡⅠⅡⅠⅡⅠ ddccbbaa ddddddddd γγγγγγγγγ +−+−−+−+=  
Due to the constant volume during tension, the first three equations are not independent, i.e. 
dε1 + dε2 + dε3 = 0. Therefore, there are five independent relations in Eq. 2-21, which means 
at least five slip systems are required to be activated to satisfy a shape change.  
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In Eq. 2-21, there are five independent equations but 12 unknowns. Thus, Eq. 2-21 cannot be 
solved directly. To solve this problem, Taylor assumed the shape changes on the premise that 
the work done by slip is minimized and the critical shear stress is the same for all active 
systems and all slip systems work harden at the same rate, i.e.  
∑∑ ==
i
i
i
ii dd minγτγτ                                                (Eq. 2-22) 
Taylor proposed that the minimum work would require slip on as few systems as 
geometrically possible, i.e. 5 systems, and the other slip systems are inactive. Therefore, he 
calculated the shear strains and found the average Taylor factor to be M = 3.06 for randomly 
oriented fcc polycrystal, i.e. σy = 3.06τc, which corresponds to an upper bound. The prediction 
by Taylor model was in reasonable agreement with the experimental flow curve of a randomly 
oriented aluminum polycrystal. 
 
2.6.3 Bishop and Hill model 
Considering the stress states which could physically activate the required slip systems, Bishop 
and Hill made an equivalent analysis to Taylor. They first figured out 28 stress states that 
would activate five or more slip systems simultaneously [39-40], using the principle of 
maximum plastic work, i.e. 
∑∑ ==
3
1
3
1
maxijijdw εσ                                                 (Eq. 2-23) 
These 28 stress states make the stress on either six or eight systems reach the critical shear 
stress, which explains Taylor’s results that the same minimum of Taylor factor, M, were 
produced by several combinations of five slip systems.  
Bishop and Hill model and Taylor model are based on the same assumptions and give the 
same solutions. One assumption is that all grains deform homogeneously and experience the 
same shape change in a polycrystal, which ensures the deformation compatibility. Another 
one is that the critical shear stress is the same for all active slip systems.  
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2.7 General description on texture  
Both man-made and natural polycrystalline materials, composed of large quantities of single 
crystals, exhibit preferred orientation of crystallites, which has a profound influence on the 
anisotropy of physical and mechanical properties. The preferred orientations of crystallites 
termed as crystallographic texture or texture, form during growth or deformation and can be 
further modified by heat or mechanical treatments to optimize the properties of final products. 
It is a big challenge to explore deforming behavior of grains in a material with highly 
preferred orientations, and to interpret relationship between the direction dependent 
mechanical properties (with respect to sample coordinates) and the texture.  
Representation of texture is made according to the orientation distributions of crystallites with 
respect to a given sample coordinate [41]. To achieve this, two coordinate systems are needed. 
One is the sample coordinate system KA = (X, Y, Z), made in terms of the external shape of a 
sample, which corresponds to the rolling direction (RD), transverse direction (TD) and normal 
direction (ND) as in the case of rolled plate. The other one is the crystal coordinate system KB 
= (X’, Y’, Z’) consisted of the crystal axes which are chosen according to the crystal 
symmetry. For instance, [100], [010] and [001] are chosen for the cubic structures. The 
orientation of a crystallite is then described by the rotation g, which transforms KA into KB as 
shown in Fig. 2.14. 
 
 
Figure 2.14: Schematic illustration of the sample and crystal coordinate systems. 
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KB = g. KA   (KA      g      KB)                                     (Eq. 2-24) 
The rotation g can be represented in different ways, for example, by Miller-indices (hkl) [uvw] 
or by Euler angles {φ1, Ф, φ2}. As to the Miller-indices, (hkl) refers to crystallographic planes 
parallel to the RD-TD plane, and [uvw] refers to the crystallographic direction parallel to the 
RD as in the case of rolled plate, shown in Fig. 2.14. As for the case of Euler angles, they are 
defined as three rotation angles around three axes. After rotations according to these three 
angles successively, the sample coordinate system is overlapped with the crystal coordinate 
system. Following the terminology defined by Bunge [41] and assuming that the crystal 
coordinate system is first coincide with the sample coordinate system as shown in Fig.2.15 (a), 
the three rotations are as follows: 
1. about the z’ axis = [001] through the angle φ1 (Fig. 2.15 (b)). 
2. about the x’ axis = [010] through the angle Ф
 
(Fig. 2.15 (c)). 
3. about the new z’ (in its new orientation) = [001] through the angle φ2 (Fig. 2.15 (d)). 
         
                        (a)                           (b)  
          
                        (c)                           (d) 
Figure 2.15: Schematic interpretation of Euler angle. 
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The rotation g is represented by the three Eulerian angles φ1, Ф, φ2, which describes the 
orientation of the crystal in the sample.  
g = { φ1, Ф, φ2}                                                       (Eq. 2-25) 
It is convenient to plot the three angles in Cartesian coordinates in three-dimensional space, 
called orientation space or Euler space (see figure 2.16). All possible orientations can be 
represented within the range of 0° ≤ φ1 ≤ 360°, 0° ≤ Ф ≤ 180° and 0° ≤ φ2 ≤ 360° in Euler space. 
An individual crystal is represented by several points in this space due to the symmetry of the 
crystal. For example, all equivalent orientations of an fcc material can be represented by 24 
different sets of Euler angles [42]. Therefore, the ODF (orientation distribution function) can 
be represented in a reduced Euler space. The reduced Euler space for the ODF of a sample 
possessing fcc structure and orthorhombic symmetry is within the range of 0° ≤ φ1 ≤ 90°,    
0° ≤ Ф ≤ 90° and 0° ≤ φ2 ≤ 90°. 
 
 
Figure 2.16: Euler space of triclinic crystal symmetry or asymmetric unit [41]. 
 
The orientation distribution function (ODF) of crystallites is defined by the volume fraction of 
crystallites having their orientation g within an infinitesimal orientation element dg.  
{φ 1, Ф, φ 2} 
φ 2  
Ф  
φ 1  
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( ) ( )
dg
VgdVgf /=                                                      (Eq. 2-26) 
The orientation distribution function f (g) is given as the multiples of random distribution 
(mrd) in such way that it equals 1 for every g in the case of random distribution, i.e.  
( ) 1== ∫ dggffrandom                                                   (Eq. 2-27) 
ODF is normally calculated from measured pole density distribution functions (Phkl (α, β), 
pole figures), the procedure of which is called pole figure inversion. Pole figure gives 
information about the probability of poles of lattice plane which is located at a specific 
position with respect to the sample coordinate. The probability is then projected on a plane 
using equal area or stereographic projections. Two angles are used to characterize a position 
on the pole figure. One is called polar angle, α, which describes the distance from the center 
of the pole figure. The other one is called azimuth angle, β, which describes the rotation of the 
poles around the polar axis, starting from a specified reference condition. Pole figures can be 
directly measured by diffraction techniques such as laboratory X-ray, synchrotron radiation 
and neutron. However, pole figures exhibit orientation distribution information in two 
dimensions. It may occur that the poles of different orientations overlap with each other. And 
for many cases such as laboratory X-ray, the coverage of the pole figure is not complete, 
which further reduces the texture information in pole figures. To overcome the above 
mentioned disadvantages, ODF is used for quantitative analysis of texture, which represents 
orientation density of crystallites in three dimensions. Normally, ODF is not completely 
determined by one pole figure. Two or more pole figures are needed, the number of which 
depends on both crystal symmetry and sample symmetry [43]. There are two mathematical 
ways of calculating ODF from pole figure data. One is series expansion method introduced by 
Bunge [41] and Roe [44] . The other one is direct inversion method or is called WIMV 
(Williams-imhof-Matthies-Vinel) method [45]. In the present work, the iterative series 
expansion method (ISEM) introduced by Dahms and Bunge [46] is used to calculate the 
orientation distribution function. Using this method, a pole figure is expanded in a series of 
spherical harmonic functions:  
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where l is series expansion degree; F are the pole figure coefficients; k are the symmetrized 
spherical harmonic functions. The F coefficients can be calculated using the iteration of the 
experimentally determined pole density distribution, called pole figure inversion. In this case 
the normalized pole figure intensities are utilized: 
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Eq. 2-28 to Eq. 2-30 show calculations of the unknown C coefficients of orientation 
distribution function from the known F coefficients. Once the C coefficients are calculated, the 
ODF expanded in series of generalized spherical harmonics can be achieved: 
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In the Eq. 2-28 to 2-31 the symbol ´*´ denotes the complex conjugate, and dots over the 
harmonic function denotes the symmetrization of the functions. M (l) and N (l) are the number 
of independent values for each expansion degree, l, after the sample and crystal symmetry, 
respectively. As mentioned above, ODF is calculated from pole figure data. The number of 
pole figures needed for ODF calculation depends upon the crystal symmetry of the sample. For 
fcc materials, three pole figures, (111), (200) and (220), are needed such as in the case of 
aluminum.  
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2.8 Deformation textures of fcc metals 
2.8.1 Fiber texture 
Deformations having axial symmetry such as tension, drawing, extrusion and compression, of 
polycrystalline materials make special crystallographic direction <uvw> of crystallites rotate 
parallel to the loading axis, and make other crystallographic directions distribute with equal 
probability around the loading axis. This kind of orientation distribution is termed <uvw> 
fiber texture [47].  
Before the advent of ODF analysis, early investigations of Hibbard [48-49] showed that the 
<111> fiber texture in Cu, Ag, Au, Ni, Pb and Al after drawing, and a mixture of <111> and 
<100> fiber texture in certain Cu alloys. Grewen and Wassermann [50] concluded that the 
initial texture had a profound influence on the development of fiber texture and can lead to 
misinterpretations. Bunge [51] investigated the textures of Al wires by drawing, which had 
initial textures of both <111> fiber and <100> fiber. After 84% of deformation, the texture 
was still a mixture of the two components, but after 99% deformation, the <100> component 
completely disappeared. He concluded that in pure aluminum, the <100> component was not 
stable while the <111> was the stable component. McHargue et al. [47] made systematic 
investigations on the fiber texture, which showed that the extrusion texture of 99.99% pure 
aluminum depended on temperature and strain rate. A duplex <111> + <100> fiber texture 
was observed at all temperatures with slow strain rate and up to 232°C with fast rate. With the 
fast strain rate, at 343°C, a <115> texture was observed, but at 454°C the observed texture 
was <118>. Besides, a sample extruded slowly at low temperature had a texture consisted of 
92% <111> component compared with 76% <111 > component at room temperature. The 
authors concluded that the <100> texture component was largely due to recrystallization and 
the main effect of strain rate was to increase the temperature of aluminum, which led to the 
<115> or <118> “recrystallization" fiber texture at high strain rates. The researchers also 
concluded that the <100> component had a lower dislocation density than the <111> 
component.  
However, English and Chin [52] demonstrated that the axial deformation texture of fcc metals 
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was a mixture of <111> and <100> fibers, and it was not attributed to the occurrence of 
recrystallization. In their study, several fcc metals ranging from high stacking fault energy 
(SFE) to low SFE were investigated, with particular attention paid to several very low SFE 
alloys. After 99% deformation by drawing, they obtained the volume percentage of the two 
fibers and the volume percentage of the <100> fiber was plotted as a function of SFE, as 
shown in Fig. 2.17. As SFE decreases, the percentage of <100> component increases, but at 
very low SFE area, it decreases again with the decreasing SFE. This trend was confirmed by 
the literatures such as [52-54].  
 
 
Figure 2.17: The percent of <100> component as function of stacking fault energy [52]. 
 
Several deformation mechanisms such as cross slip, latent hardening and twinning were 
applied to interpret phenomena in Fig. 2.17 in [53-55]. According to these interpretations, the 
curve in Fig. 2.17 can be divided into three parts. Each part of the curve has its own 
deformation mechanism. Part 1 is associated with the ease of cross slip, corresponding to the 
high SFE materials such as aluminum or to high temperature deformation behavior. When all 
slip systems are hardened equally, six slip systems are activated in the <111> component, 
which have 3 different slip planes and 3 different slip directions, i.e. 3 pairs of collinear 
systems. This kind of cross slip was observed in aluminum in [56-57]. Part 2 is associated 
with mechanical twinning, corresponding to intermediate SFE materials. For fcc materials, the 
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twinning system is on (111) plane along [11-2] direction. Twinning happens in fcc materials if 
the SFE is low or if the deformation temperature is very low. Twinning transposes the <111> 
orientation into <115> orientation, which will rotate towards <100> through slip. Therefore, 
when twinning happens, the relative proportion of the <100> component will increase. Part 3 
shows the <100> component decreases with the decreasing SFE. Several interpretations have 
been proposed to explain it. They are as follows. 
1). When twinning becomes so easy that all orientations favor twins, the <100> fiber 
orientation loses its preferential role [54]. 
2). Venables [58] concluded that, with decreasing SFE, twin nucleation is made easier, but 
propagation of twin may become more difficult, which indicates that the amount of twinning 
will reach a maximum for some intermediate SFE, as shown in Fig. 2.17. Therefore, the 
percentage of <100> fiber will also reach a maximum at some intermediate SFE.  
3). Another interpretation of part 3 is related to the occurrence of deformation faulting. A 
(111)[01-1] dislocation is split into two {111}<112> type Shockley partials which are 
connected by a strip of stacking fault. The width of stacking fault is inversely proportional to 
the SFE of the material. The separated partials move in a "zig-zag" way firstly along [-12-1] 
and then along [11-2], which has the same effect as the (111)[01-1] slip. Hu et al. [59] 
proposed that when the width of stacking fault is beyond a certain value, i.e. the SFE is lower 
than a certain value, the slip direction switches from <110> to <112>, which makes the 
dominance of the <111> component in low SFE materials. Chin [53] also concluded that 
intrinsic faulting, which enhances coplanar slip for very low SFE alloys, favors <111 > fiber 
texture. 
The above mentioned mechanisms can be concluded as follows: the ease of cross slip of high 
SFE metals primarily attributes to the form of <111> component. The preference of <111> 
component in very low SFE metals is probably related to twinning in all the grains or 
coplanar slip or intrinsic faulting. The dominance of <100> component in intermediate SFE 
metals can be ascribed to the mechanical twinning.  
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2.8.2 Rolling texture 
Numerous investigations on the texture evolution during rolling were carried out before the 
ODF was invented. Therefore, the results of early studies were mainly expressed by pole 
figures. And at that time research works were considerably performed on Cu, Cu-Zn alloy and 
Al. Two types of rolling textures develop during rolling of α-brass and copper, which are 
called brass type texture and copper type texture, respectively, and the two types of textures 
are found in most fcc metals after rolling [59-60]. The differences between the two type 
textures were first studied by Hu et al. [61]. Figure 2.18 shows the (111) pole figures of the 
two type textures. The brass type texture consists of two components, i.e. the brass component 
{110}<112> and the Goss component {110}<100>. The copper type texture is composed of 
three components, i.e. copper component {112}<111>, S component {123}<634> and brass 
component {110}<112>. The locations of the components are also indicated in Fig. 2.18. 
 
 
                  (a)                                 (b) 
Figure 2.18: (111) pole figures for (a) pure copper and (b) brass (Cu-37%Zn) [5]. 
 
The transition from brass type to copper type texture and vice versa was observed in the early 
studies. It depends on the alloy composition and deformation temperature, mainly associated 
with SFE changes. Solute addition can change the SFE. Investigation of the effect of solute 
addition on texture transition showed that a minimum amount of a certain solute is required to 
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initiate texture transition, and for complete transition, a certain amount of the solute is 
required, which is different for different kinds of solute [62-64].  
Hu and co-worker [65-67] made systematical investigation on temperature induced texture 
transition in electrolytic copper, high-purity silver and 18-8 austenitic stainless steel. The 
results showed that deformation temperature has an influence on the transition between 
copper type texture and brass type texture. The texture changes from brass type to copper type 
as the temperature increases, whereas it changes from copper type to brass type as the 
temperature decreases. For instance, rolled at room temperature (RT), copper has copper type 
texture, but rolled below a certain temperature under RT, it has brass type texture. Another 
example is silver. Silver possesses brass type texture when it is rolled at RT, but it has a 
copper type texture when the rolling temperature is beyond a certain value.  
In low SFE materials, the development of brass type texture is due to the mechanical twinning 
or deformation faulting. In high SFE materials, the development of copper type texture is due 
to cross-slip. Some critical explanations of texture development are summarized as follows.  
1). Transition owning to cross-slip  
Dillamore and Roberts [57] and Smallman and Green [56] proposed that the formation of 
copper type texture is attributed to the extensive cross-slip. Cross-slip rate is dependent on the 
SFE of the material and deformation temperature. Dillamore and Roberts declared that brass 
type texture develops by normal slip in all fcc materials. For low SFE materials, plastic 
deformation continues by the normal slip and the final texture remains brass type, because 
cross-slip is difficult to start. But for high SFE materials, cross-slip makes the reorientation of 
crystallites, which transforms the brass type texture into copper type texture. Texture 
transition is related to the composition of an alloy and the deformation temperature. The 
addition of elements decreases SFE, resulting in difficulty in cross-slip, whereas the thermal 
fluctuation can activate cross-slip at high temperature.   
2). Transition owing to non-octahedral slip 
Haessner [68] proposed that brass type texture is related to the normal octahedral slip, 
whereas the copper type texture results from the slip on {100} planes along <110> directions. 
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Haessner claimed that cubic slip is more difficult to occur in low SFE materials, because the 
dislocation partials on the {111} planes gets wider with decreasing SFE. Slip on the {100} 
planes was observed in aluminum [69], which considerably depended on the initial orientation 
of the crystallites and on deformation temperature. 
3). Transition owing to mechanical twinning 
The {111}<112> type mechanical twinning is believed to be an additional plastic deformation 
mechanism besides slip. It rotates the copper component (112)[111] to the (552)[115] 
component, and further slip rotates the (552)[115] component to (110)[001] Goss component. 
On the contrary, the brass component (011)[211] maintains its orientation during deformation. 
The rolling textures developed in silver single crystal support this mechanism [70]. 
4). Transition owing to deformation faulting 
The influence of deformation faulting on the texture evolution in fcc metals was investigated 
by Hu, chine and Goodman [59]. Their study was performed on single crystals of high-purity 
Cu and a Cu alloy containing 4% Al, with (110)[1-12] and (112)[11-1] orientations.  
Deforming the single Cu crystal with (110)[1-12] orientation (brass component), the 
orientation keeps stable. For Cu, the slip systems are {111}<110>. The primary and conjugate 
slip systems are (111)[01-1] and (11-1)[101], respectively. If the primary slip system 
(111)[01-1] was initiated to large extent, the normal of the slip plane (111) rotates to the 
normal of rolling plane while slip direction [01-1] rotates to the rolling direction, which leads 
to decrease of the resolved shear stress in the active slip system and increase of the resolved 
shear stress in the conjugate slip system (11-1)[101]. When the conjugate slip system 
(11-1)[101] is initiated, the crystal starts to rotate in the opposite direction. Therefore, the 
orientation changes caused by these two systems counteract each other. Whereas in the 
Cu-4%Al crystal the orientation density of the brass component decreased until the crystal 
was deformed into two brass-oriented crystals. Deformation faulting or slip by partials will 
result in slip on {111}<112> systems. The (111)[2-11] and (111)[-12-1] slip systems will not 
cause orientation change, but the other two systems, (11-1)[112] and (111)[11-2], will cause 
orientation changes which cannot counteract each other. Therefore, for low SFE metals such 
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as silver, the (110)[1-12] orientation is expected to be unstable.  
Deforming single crystals with (112)[11-1] orientation (copper component), the copper crystal 
maintains its initial orientation, whereas the Cu-4% crystal shows a strong orientation spread 
and a strong component at (552)[-1-15].  
In copper crystal the (-111)[110] and (1-11)[110] slip systems make the crystal rotate towards 
rolling direction. During rotation, the resolved shear stress on these two slip systems 
decreases. At the same time, the resolved shear stress in the other two systems, (111)[-101] 
and (111)[0-11], increases. When it reaches the CRSS, the two slip systems are initiated, 
which makes the crystal rotate in the opposite direction. Therefore, in Cu crystal, the 
orientation keeps unchanged. In Cu-4%Al crystal, deformation faulting forms by slip on the 
(111)[-1-12] system, resulting in developing a (552)[-1-15] component. As the deformation 
goes further, the matrix rotates to the (111)[11-2] orientation, while the (552)[-1-15] 
component rotates to (110)[001] orientation, which means the original (112)[11-1] orientation 
splits into 2 orientations, (111)[11-2] and (110)[001].  
However, Mecking [71] made similar investigation on copper single crystal and brass single 
crystal with the same orientations, and claimed that the deformation behavior difference 
between these two crystals was attributed to the mechanical twinning.  
Summarizing the rolling texture studied by pole figure, it is evident that at room temperature, 
there is a texture transition from the brass type to copper type with increasing SFE. 
Deformation faulting and/or mechanical twinning are considered to be responsible for the 
brass type texture, while cross-slip and/or newly activated slip systems lead to the formation 
of copper type texture.  
As described in section 2.7, texture can be represented in Euler space by ODF. It is a normal 
practice to exhibit ODF in discrete sections through Euler space. ODF for fcc materials are 
usually presented by φ2 sections with 5° per section. The intensity distribution in individual 
sections can be displayed by contour lines or different colors or different gray values.  
Figure 2.19 (a) shows the copper type texture and (b) the brass type texture in Euler space by 
φ2 sections with 5° per section. Hirsch and Lücke [72] and Kallend and Davies [73] reported 
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similar results as shown in Fig. 2.19. Bunge and Haessner [74] found the same ODF results of 
rolled pure copper as Hirsch. Copper type texture is commonly described by copper, S and 
brass components, while the brass type texture by brass and Goss components. The Miller 
indices and Euler angles of these ideal components are listed in Table. 2.2  
 
  
                    (a)                                 (b)  
Figure 2.19: ODF of rolling textures of fcc metals: (a) pure copper, (b) brass 
(Cu-37%Zn)[5]. 
 
Table 2.2: The Miller indices and Euler angles of the ideal components. 
Designation Miller indices 
{hkl}<uvw> 
Euler angles 
φ1 Ф φ2 
Copper {112}<111> 90° 30° 45° 
S {123}<634> 59° 34° 65° 
Brass {011}<211> 35° 45° 0°/90° 
Goss {011}<100> 0° 45° 0°/90° 
 
Fundamentals 
- 35 - 
 
However, description of the rolling texture by ideal components is not adequate. The copper 
type texture can be described as a spread of orientations from copper component through S 
component to Brass component (β fiber), and the brass type from brass component to Goss 
component (α fiber). Figure 2.20 (a) shows the two orientation tubes in Euler space in the 
branch within the range of 45° ≤ Ф ≤ 90°. In fcc materials, the intensity variations along α 
fiber and β fiber give information about the texture differences. Figure 2.20 (b) shows the 
intensity changes along β fiber for pure Cu and Cu alloys with different amount of Zn, from 
which one can see how the texture changes with decreasing SFE.  
 
                   (a)                                      (b)  
Figure 2.20: (a) Positions of α and β fibers in Euler space [72]; (b) intensity variations along 
β fiber of pure Cu and different Cu-Zn alloys after 95% reduction [5]. 
 
Hirsch et al. determined the rolling texture of different Cu-Zn alloys at room temperature and 
found that with decreasing SFE, the texture transited from Copper type to brass type texture 
[72]. They reported that in low Zn alloys, the orientation density of copper component 
increases as the deformation increases. However, in higher Zn alloys, for example, the 70/30 
brass, the orientation density of copper component, firstly, increases up to around 50% 
reduction. With further deformation, the copper component shifts from {552}<115> to 
{332}<113> [75]. 
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The influence of initial texture on final texture was also investigated by Hirsch et al. At room 
temperature, in rolled aluminum, they found that a brass texture could be obtained if the 
initial texture mainly consisted of Goss component. If the initial texture was mainly cube 
component, a strong S component was produced. If the initial cube or Goss component was 
rotated 45° around the compression axis, a strong copper component was obtained.  
The influence of precipitation states on the final texture was investigated by Engler et al. and 
Lücke and Engler [76-77]. The size, volume fraction and distribution of precipitations affect 
the deformation behavior through interactions between the precipitates and dislocations. 
Figure 2.21 shows the rolling texture of an Al-1.8%Cu alloy with different aging treatments 
before rolling.  
 
Figure 2.21: After 95% rolling reduction, orientation density variations along β fiber of the 
rolled Al-1.8%Cu with different aging treatments ahead of rolling [76]. 
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2.9 Texture measurement using high energy X-ray 
2.9.1 A short introduction to Synchrotron radiation 
When electro-charged particles such as electrons or positrons move in a speed close to light in 
storage ring and are forced to change flight direction by magnetic field, photos ranging from 
the infrared to hard X-rays, i.e. energy ranging from meV to around 100 MeV, are generated 
in the direction tangential to the forward direction, which is called synchrotron radiation. The 
magnetic components generating the magnetic fields are different from beamline to beamline, 
including bending magnets, wigglers and undulators, which will lead to different brilliance 
and divergence of the X-ray beam, as shown in Fig. 2.22. The energy range of the generated 
X-ray can be chosen by adjusting the spacing of the magnets. Therefore, it can meet the needs 
of many investigations. At present, there are many synchrotron facilities around the world, as 
shown in Table 2.3.  
 
 
Figure 2.22: Synchrotron radiation generated by different magnetic components (for 
comparison, the synchrotron radiation generated by free electron laser is also shown) [78]. 
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Table 2.3: Some synchrotron facilities around the world. 
Name  Country Name  Country 
ALBA Spain Diamond UK 
ANKA Germany ELETTRA Italy 
APS USA ESRF France 
AS Australia HSRC Japan 
BESSY Germany LNLS Brazil 
BSRF China SLS Switzerland 
CESLAB The Czech Republic SOLEIL France 
CLS Canada Spring-8 Japan 
DAFNE Italy SSLS Singapore 
DELTA Germany SSRF China 
DESY Germany SSRL USA 
 
Compared to laboratory X-rays, synchrotron radiation has, for example, the following 
advantages: 1). high intensity, which makes it possible to make measurement in a short time 
when coupled with fast read-out detector; 2) high brilliance, which leads to high angular 
resolution and makes it possible to use beam size in the scale of µm or even smaller; 3) high 
penetration depth, comparable with thermal neutrons, as shown in table 2.4; 4) sensitivity to 
magnetic properties due to the resonance effects of the polarized synchrotron radiation.  
 
Table 2.4: Penetration depth of laboratory X-ray, synchrotron radiation and thermal neutrons. 
 Energy 
/keV 
Wavelength 
/Å 
Penetration depth/mm 
Al Mg Ti Fe Pb 
Laboratory X-ray Cu - Kα 8.05 1.54 0.074 0.14 0.011 0.004 0.004 
Laboratory X-ray Co - Kα 6.92 1.79 0.048 0.09 0.007 0.023 0.003 
Synchrotron radiation 100 0.12 22 34 8 4 0.14 
Thermal neutrons 6.88 1.80 96 61 17 8 27 
 
2.9.2 Texture measurement using synchrotron radiation  
Synchrotron radiation provides high energy X-rays with high brilliance, wherein the beam 
size is in the order of µm, which makes it possible to measure the local texture in a small 
volume of a polycrystalline material. Since the middle of 1990s, many researchers have been 
making contributions to the development of texture measurements using synchrotron radiation 
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and to the ways of interpreting the measured data such as those in [79-82]. Furthermore, in 
situ measurement with synchrotron radiation is getting more and more important, because it 
makes possible to detect small changes in materials in a very short time. 
Transmission method with monochromatic beam is normally applied to the texture 
measurement using synchrotron radiation. In the present study, the beamline at HEMS (High 
Energy Materials Science) P07B at Petra III DESY Hamburg, Germany, is taken as an 
example to illustrate how to carry out texture measurement using synchrotron radiation. 
Figure 2.23 shows the sketch of the beamline set-up for texture measurement. The white 
X-ray beam from the synchrotron radiation is monochromatized by a single bounce 
monochromator (SBM), a flat water-cooled Laue crystal Si (220), the resulting wavelength of 
which is around 0.1425 Å. Beam size (height and width) can be adjusted by the collimator in 
the monochromator chamber, ranging from 10 µm (or smaller) to 500µm. The sample is 
mounted on a ω rotation stage, which can be translated in vertical direction Z and in 
horizontal direction X (perpendicular to the incident beam). Through X and/or Z translation, 
local textures at different positions of a sample can be determined sequentially. Area detectors 
such as Mar345 and PE (Perkin Elmer) can be used, the read-out time of which are around 3 
minutes or several seconds, respectively. The images obtained from the detector record the 
intensity variations along the Debye-Scherrer rings from different {hkl} lattice planes which 
satisfies the Bragg’s equation with respect to the incident beam. Figure 2.24 shows an image 
from NIST standard Al2O3 plate and an image from a rolled Aluminum plate, both of which 
are collected by PE detector. For the NIST standard Al2O3 plate, crystallites are randomly 
distributed such that there are no intensity variations along the Debye-Scherrer rings, as 
shown in Fig. 2.24 (a), whereas for the rolled aluminum, texture can be immediately indicated 
by the intensity variations along the Debye-Scherrer rings, as shown in Fig. 2.24 (b).  
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Figure 2.23: Sketch of the beamline set-up for texture measurement in HEMS P07B. 
 
  
                  (a)                                    (b) 
Figure 2.24: Images from the PE area detector: (a) NIST standard Al2O3 plate, (b) a rolled 
aluminum alloy. 
 
A {hkl} Debye-Scherrer ring from an image collected at one ω position covers only one circle 
in the {hkl} pole figure, as shown in Fig. 2.25. In order to cover the whole pole figure, a 
sample should be rotated by the ω stage and images are collected at each ω angle. For a 
texture which is not sharp, ω rotation can be carried out by 5° per step from 0° to 180°, but for 
sharp texture, it is better to use smaller step width. The sharper the texture, the smaller the 
step width has to be.  
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Figure 2.25: The coverage of Debye-Scherrer rings in a pole figure [83]. 
 
2.10 Lattice strain determination using high energy X-rays 
2.10.1 Definition of lattice strain 
When an external stress is exerted to a polycrystalline material, the stress and strain generated 
inside the material vary from grain to grain, depending both on single crystal anisotropy and 
individual grain orientations. Measuring the lattice spacing at a specific stress gives a way to 
characterize the lattice strains of different oriented grains. X-ray or neutron diffraction 
provides a non-destructive method to measure the lattice spacing of some specific grain 
sub-sets which are oriented in a special direction with respect to sample coordinate, for 
example, the LD in tensile experiment. The penetration depth of laboratory X-rays is in the 
order µm which can only be used to measure the surface of a material, whereas the 
penetration depth of X-rays from synchrotron radiation or neutrons can reach the order of cm, 
which makes it possible to measure average lattice spacing of a great amount of sub-set grains 
within a sample. In the present work, the monochromatic X-rays from synchrotron radiation 
(high energy X-rays) are used to determine the lattice spacing.  
Diffraction occurs when the Bragg’s law is satisfied, which has the following expression: 
λθ =hklhkld sin2                                                       (Eq. 2-32) 
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where dhkl is the lattice spacing of a special oriented {hkl} lattice planes, θhkl is the diffraction 
angle of {hkl} lattice planes and λ is the wavelength of the radiation.  
Lattice strain is determined using the following equation: 
i
hkl
i
hklhkl
hkl d
dd −
=ε                                                       (Eq. 2-33) 
where dhkl is the measured lattice spacing under different applied stresses and ihkld  is the 
lattice spacing of the starting material.  
 
2.10.2 Lattice strain in fcc randomly oriented polycrystals 
The lattice strain developments of texture free fcc polycrystals such as aluminum, copper and 
austenitic stainless steel during uniaxial tensile load were investigated by Clausen et al. 
[84-85], which correspond to low and high elastic anisotropy, respectively. The elastic 
anisotropy is expressed by 2C44/(C11 – C12) where C44, C11 and C12 are the elastic stiffness 
constant of a material, aluminum being 1.22, Cu being 3.21 and austenitic stainless steel being 
3.77. Results in [84, 86] show that different lattice planes deform elastically in the elastic 
region. In this region the elastic anisotropy controls the stress-strain response of individual 
{hkl} lattice planes. The material with small elastic anisotropy exhibits smaller lattice strain 
differences among different {hkl} lattice planes under a given external load than the ones with 
high elastic anisotropy. However, for the three materials mentioned above, under the same 
external load, the {111} lattice planes show the stiffest elastic response (smallest lattice strain), 
while the {200} lattice planes show the lowest stiffness (largest lattice strain). The {111} and 
{200} lattice planes corresponds to the highest and the lowest stiffness crystallographic lattice 
planes, respectively. Moreover, the slopes of the stress-lattice strain curve of individual {hkl} 
lattice planes in the elastic region give the Young’s modulus of {hkl} lattice planes. The 
Young’s modulus difference of aluminum between {111} and {200} is much less than those 
of Cu and austenitic stainless steel due to the lower elastic anisotropy.  
When plastic deformation starts, stress redistribution among different lattice planes begins in 
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both parallel and perpendicular to LD. For example, in aluminum parallel to LD, the {111} 
planes are the stiffest in elastic regime, but in plastic regime, {111} planes experience highest 
lattice strain at a given load. The {200} planes behave in an opposite way, experiencing the 
lowest lattice strain. However, the measured lattice strain data are not perfectly consistent to 
the modeling calculations, especially in the direction perpendicular to the LD[83, 84]. In [84], 
the authors attributed the deviation to that a grain with certain {hkl} plane normal lying 
perpendicular to the loading axis can have many different crystallographic directions lying 
parallel to the tensile axis. Thus, grains with {hkl} plane normal perpendicular to the LD can 
behave very differently to one another, resulting in the average lattice strain sensitive to the 
distribution of grain orientations. Moreover, Clausen et al. [87] also investigated an Al-2%Mg, 
but the simulated results were much different from the measured results. The authors gave the 
following reasons for the discrepancy. Firstly, the self-consistent model simulates the plastic 
deformation by multi-slip on the {111}<110> slip systems, but it does not take into account 
the effect of interaction between the slip systems. Secondly, for low elastic anisotropic 
materials such as aluminum, the anisotropic behavior is dominated by the plastic anisotropy, 
which makes the simulated data deviate from the measured data much. Thirdly, the 
single-crystal elastic constants used in their model are from pure aluminum. 
Agnew et al. [88] investigated the lattice strain evolution of copper and stainless steel at finite 
strain and found that grain orientation is a major contributor to the variation in the internal 
strain within a single {hkl} reflection, and grains contributing to a {hkl} reflection in the 
direction perpendicular to LD have a variety of orientations parallel to LD. Kanjarla et al. [89] 
found that lattice strains in perpendicular to LD are more sensitive to the local neighborhood 
interaction than those in LD. Daymond et al. [20] investigated a textured (less than 3 mrd) 
austenitic stainless steel and concluded that if the loading axis is parallel to RD, the induced 
stresses are similar to the rolling process; consequently, the grains deform in the same 
directions in which they are pre-strained. If the loading axis is parallel to TD, the majority of 
grains have to deform in a different direction from the pre-strained direction, making the 
lattice strain less influenced by pre-strain. Pang et al. [90] investigated the generation of 
intergranular strains in Al7050 alloy during load and unload, and found that intergranular 
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strains vary in different crystallographic directions which depend on the elastic and plastic 
properties, texture of the material and different deformation mechanisms producing different 
intergranular stresses. For instance, the intergranular stresses caused by rolling are more 
complicated than those by uniaxial tension. Dawson et al. [19] reported that the direction 
moduli ratio (E111/E200) has a profound influence on the lattice strain development during 
elastic to plastic transition, and they found that using E111/E200 = 1.7 for AA-5182 alloy, the 
calculated lattice strains by finite element simulations are more close to the measured lattice 
strains (the direction modulus ratio for pure aluminum is 1.2), which indicates that single 
crystal anisotropy in alloys is higher than that of pure aluminum. The experimental data of 
above mentioned results are from almost texture free materials using neutron diffraction. 
However, there are also several investigations of lattice strain evolution using synchrotron 
radiation [91-93], which focuses on smaller volume and needs less time.  
 
2.10.3 Diffraction pattern measurement using synchrotron radiation 
In situ measurement during tensile loading using synchrotron radiation coupled with fast 
read-out area detector, has an advantage over neutron diffraction that exposure time and 
read-out time are considerably short so that one needs not stop tensile machine during 
irradiating a sample, whereas significant stress release always occurs using neutrons. 
Therefore, synchrotron radiation only averages a very small range of strains during exposure 
time if the loading speed is relatively low. Thus, there is no stress release influence on the 
measured lattice strain.  
There is only one difference between beamline set-up for lattice strain measurement and the 
beamline set-up for texture measurement at HEMS P07B at Petra III DESY Hamburg, 
Germany. It is that a universal tensile machine (UTM) is mounted on the rotation and 
translation stage. The UTM was originally designed for neutron texture measurements [94], 
the maximum load of which is 20 kN. The attached load cell and Linear Variable Differential 
Transformer are used to monitor the applied load and sample displacement, both of which are 
written in a file generated by the main control program. Diffraction pattern measurement can 
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be made under different loads, from which one can obtain different information 
simultaneously such as finger print of the measured material (d-value list), crystallographic 
texture (intensity variations), macros strain (peak shift) and micro strain and grains size (line 
broadening) from the complete Debye-Scherrer rings. Figure 2.26 shows the images collected 
at 0 kN and UTS. Details of the Debye-Scherrer ring changes can be observed, even though 
the texture does not change much due to the small deformation.  
 
   
                  (a)                                   (b) 
Figure 2.26: Images collected at different load, (a) at 0 kN, (b) at UTS (10.8 kN). 
 
In order to get how the special oriented grains such as those with plane normal parallel to the 
LD and those with plane normal perpendicular to the LD, behave during tension, one needs to 
integrate the sectors along these two directions using the software Fit2D [95], as shown in Fig. 
2.27 (a). The angular range for the sector is 10° along the γ angle, i.e. the information got 
from the sector is averaged from grains whose plane normal are within 10° of the specific 
direction. After integrating the sector, one can get the corresponding spectrum, as shown in 
Fig. 2.27 (b). 
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(a)                                     (b) 
Figure 2.27: (a) Integration sectors along LD (cake parallel) and along perpendicular to LD 
(cake perpendicular), (b) the integrated spectrum along LD. 
 
Precise peak positions should be obtained to calculate the lattice spacing of {hkl} planes 
according to the Bragg’s equation. In order to achieve this, a peak shape function is chosen to 
fit the experimental peak. The choice of peak shape function depends on the facility which is 
used for the measurement. Several peak shape function may be used such as Gauss function 
and Pseudo-Voigt function. The peak position differences determined by the Gauss function 
and Pseudo-Voigt function is in the order of 10-4 for the HEMS P07B, which is almost within 
the error bar. However, for a series of diffraction pattern measurements, one needs to use the 
same peak function to fit all the spectra. In the present work, Gauss function is used to fit the 
diffraction peaks. After fitting each peak, peak position is obtained in terms of 2-theta value. 
Dividing this value by two and using Eq. 2-32, the lattice spacing of special {hkl} planes is 
obtained. After that, the lattice strain at different load can be calculated using Eq. 2-33.  
 
2.11. Estimation of dislocation density using modified Williamson-Hall plot 
X-ray diffraction line broadening analysis is widely applied to characterize the defects in 
crystalline materials. Provided that the broadening is caused only by the coherently diffraction 
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domains, Scherrer equation [96] can be used to evaluate the domain size using the full width 
at half maximum (FWHM) of the diffraction peak:  
θ
λβ
cosD
k
=                                                                 (Eq. 2-34) 
where β is the FWHM of the diffraction peak after instrument correction; k is constant; θ is 
the diffraction angle; λ is the wavelength of the X-ray; D is the domain size. Supposing the 
broadening is caused solely by micro strain, the micro strain can be calculated according to 
the function given by Stokes and Wilson [97]: 
θξβ tan2=                                                                 (Eq. 2-35) 
where ξ is the micro strain. However, in most cases, line broadening, besides instrumental 
broadening, is caused simultaneously by strain and size broadening, which are ascribed to the 
lattice defects and small coherently diffraction domains, respectively. According to the 
kinematical scattering theory, either crystallite smaller than 1000 nm or abundant enough 
lattice defects can broaden X-ray diffraction peaks. With regard to dislocations, the 
dislocation density should be larger than 5×1012 m-2 [98]. 
Strain and size broadening can be separated on the basis that size broadening is independent 
on the length of diffraction vector, whereas strain broadening is dependent on the length of 
diffraction vector. There are two commonly used ways for peak broadening analysis. One is 
Williamson-Hall plot (W-H) which is based on the FWHM or the integral breadth of the 
diffraction peak profile [99]. In Williamson-Hall plot, FWHM or integral width are expressed 
according to the reciprocal unit β* (β* = βcos(θ)/λ, where β is FWHM or integral width; θ is 
the diffraction angle; λ is the wave length of the X-rays.) as a function of d* (d* = 2sin(θ)/λ). 
Fitting this plot by linear regression method, the intercept indicates coherently diffraction 
domain size, and the slope gives the value of micro strain. The other one is Warren-Averbach 
(W-A) procedure which applies Fourier coefficients to analyze the peak profile [100-101]. In 
this method, the real parts of Fourier coefficients of the intensity distribution of the diffraction 
profile are the product of the size coefficient and the distortion coefficients. However, the 
preciseness of both methods depends on the source of X-ray which should have small 
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instrumental broadening and small divergence. 
Strain anisotropy makes the FWHM or integral width in Williamson-Hall plot not increase 
monotonously as the absolute value of the diffraction vector increases due to the nonuniform 
strain broadening [102-103]. In order to take strain anisotropy into account when making peak 
broadening analysis by Williamson-Hall plot, dislocation model based on mean square strain 
of dislocation has been suggested in [104-107], which assumes the strain broadening is caused 
by dislocations. The method is called modified Williamson-Hall [108]. In present article, the 
modified Williamson-Hall plot will be used, which has the following expression: 
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+≅ ρπγΔ                                      (Eq. 2-36) 
where D, b and ρ are the coherently diffraction domain size, absolute value of Burgers vector 
of dislocation and dislocation density, respectively. γ equals 0.9 when using FWHM into 
analysis, and it equals 1 when using integral width into analysis. ∆K = cosθ [∆(2θ)]/λ, and 
∆(2θ) is the FWHM of the diffraction peak. M is called dislocation arrangement parameter 
[107, 109], and M = Re*ρ1/2, where Re is the effective outer cut-off radius of dislocations. K 
is the modulus of the diffraction vector, equaling 2sinθ/λ. O stands for the higher order term 
of K2 C . C  is the average contrast factor of dislocations, the value of which depends on the 
relative orientations among diffraction vector, Burgers vector and line vector of dislocations 
and the elastic constants of the materials [106, 109-110]. For cubic polycrystalline material, 
the contrast factor can be obtained by the fourth order polynomials of Miller indices as 
follows [111-112]: 
( )200 qH1−= hCC                                                             (Eq. 2-37) 
where C h00 is the average contrast factor of the {h00} reflections; q is dependent on the 
proportions of edge and screw dislocations and on the elastic constants of the investigated 
material; H2 = (h2k2 + h2l2 + k2l2) / (h2 + k2 + l2)2. 
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3. Experimental procedures 
3.1 As-received material and chemical composition 
The as-received material is a commercial AA 7020 rolled plate with T6 heat treatment. The 
chemical composition of the material is listed in Table 3.1. The thickness of the as-received 
plate is 29.7 mm, as shown in Fig. 3.1.  
Table 3.1: Chemical composition of the studied material in weight percent. 
 Zn Mg Fe Mn Zr Cu Si Ti Al 
AA7020 4.172 ± 
0.014 
1.215 ± 
0.006 
0.319 ± 
0.009 
0.300 ± 
0.001 
0.148 ± 
0.004 
0.078 ± 
0.001 
0.033 ± 
0.001 
0.013 ± 
0.001 
Balance 
 
  
Figure 3.1: The as-received AA 7020-T6 plate. 
The as-received material, in general, exhibits the rolling texture of high SFE fcc materials, the 
orientation components of which spread from the copper orientation {112}<111> through S 
orientation {123}<634> to the brass orientation {011}<211> in Euler space.  
 
3.2 Sample preparations 
3.2.1. Round tensile sample from 7.5 mm below the surface of the as-received plate 
Two round samples were cut with its center line at 7.5 mm below the surface of the 
as-received plate, the axis of which were parallel to the RD. The dimensions of the samples 
were made according to DIN 50515 with diameter of 6 mm, as shown in Fig. 3.2. One sample 
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was used to investigate the texture evolution. The other one was used to investigate the lattice 
strain evolution and dislocation evolution during uniaxial tension. The maximum orientation 
density is around 10 mrd for the round samples. 
 
Figure 3.2: Sketch of the round tensile sample (mm). 
3.2.2. Flat tensile sample from the center of the as-received AA 7020-T6 plate. 
The flat samples were cut with its center line at 14.5 mm below the surface of the as-received 
plate. The dimensions of the samples are shown in Fig. 3.3. The samples were cut along RD, 
45° to RD and 90° to RD, respectively. These samples are used to investigate the anisotropic 
behavior through lattice strain evolution.  
 
(a) Sample dimensions (mm) 
 
(b) Sample cutting directions 
Figure 3.3: Sketch of the flat tensile sample (mm) and cutting directions from the as-received 
AA 7020-T6 plate. 
Experimental Procedures 
- 51 - 
 
3.2.3. Sample for texture gradient 
The sample for texture gradient was cut from the as-received AA 7020-T6 plate through the 
thickness, as shown in Fig. 3.4. The dimensions of the sample are 7.00mm x 6.30 mm x 29.70 
mm.  
 
Figure 3.4: Sample for texture gradient investigation. 
 
3.3 In situ pole figure measurements under different load 
In situ pole figure measurements under different load were carried out at the high energy 
X-ray beamline HEMS P07B at PETRA III (DESY, Hamburg). The X-ray beam from the 
storage ring was monochromatized by a single bounce monochromator (SBM) consisted of 
two flat water-cooled Laue crystals Si(111) and Si(220), with which the energy can be 
changed between 53 and 87 keV. For the incomplete pole figure measurement, the resulting 
87 keV beam (X-ray wavelength around 0.1423 Å) was chosen. The used beam size was 
0.5×0.5 mm2 and sample-detector distance was 1100 mm. The round sample was fixed in the 
UTM which can reach the maximum load of 20 kN [113-115], and the UTM was mounted on 
the rotation and translation stage. Only incomplete pole figure measurement can be carried 
out due to the shafts of the UTM, as shown in Fig. 3.5. The ω angle range for the incomplete 
pole figure measurement was from -65° to 65°. The incomplete pole figure measurement was 
carried out by discrete scanning method with 5° per step. The in situ tensile measurement was 
performed at room temperature with a loading speed of 5×10-4 mm/s till failure. The diffracted 
beams, Debye-Scherrer rings, were recorded by Perkin Elmer XRD 1622 detector, a kind of 
fast read-out area director which has 2048×2048 pixels with pixel size of 200×200 µm2. With 
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the above mentioned parameters, one incomplete pole figure measurement takes around 6 
minutes. The orientation distribution function (ODF) was calculated from measured 
incomplete (111), (200) and (220) pole figures by MTEX [116-117]. 
 
 
Figure 3.5: Photo of the beamline set-up for in situ texture evolution, lattice strain evolution 
and dislocation evolution in HEMS P07B. 
 
3.4 In situ diffraction pattern measurements for the round sample 
Diffraction pattern measurements can be carried out without stopping the loading machine 
using synchrotron diffraction coupled with fast read-out area detector. The beamline set-up 
was the same as the one shown in Fig. 3.6. The beamline set-up parameters were the same as 
those described in the section 3.3. The ω angle was fixed at 0° for all the diffraction pattern 
measurements. There were totally 386 measured positions at different loads, but it is enough 
to characterize the lattice strain evolution using less points. The measured points at different 
loads are shown in Fig. 3.6 (a). The analyzed points for lattice strain evolution are shown in 
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Fig. 3.6 (b). However, for the dislocation evolution, all the measured points were analyzed. 
The 5 regions are divided according to the lattice strain evolution, which will be discussed in 
chapter 5.  
   
                  (a)                                       (b) 
Figure 3.6: Diffraction pattern measurement points: (a) measured points, (b) analyzed points 
for lattice strain evolution. 
 
3.5 Pole figure measurement for texture gradient investigation 
The as-received AA 7020-T6 block has a thickness of 29.7 mm, from which the 
texture-gradient sample was cut along the normal direction with dimensions of 7.09 × 6.36 × 
29.7 mm3. The investigated layers are described by the parameter s = 2t/t0 (t is the distance 
from the center and t0 is the plate thickness). Five layers were investigated, corresponding to 
the s values of 0.97, 0.73, 0.49, 0.26 and 0, respectively. Complete pole figure measurements 
were carried out at the high energy X-ray beamline HEMS P07B at PETRA III (DESY, 
Hamburg), with X-ray wavelength of 0.1422 Å, beam size of 0.5 × 0.5 mm2, sample-detector 
distance of 1111 mm and mar345 detector, as shown in Fig. 3.7. The ω range for pole figure 
measurement was from -92.5° to 92.5° with 5° per step using continuous scanning mode. 
Complete orientation distribution function (ODF) was calculated from the measured (111), 
(200) and (220) pole figures by iterative series expansion method with an expansion degree of 
Lmax = 35 [46]. 
Experimental Procedures 
- 54 - 
 
 
Figure 3.7: Complete pole figure measurement with Mar345 detector. 
 
Due to the rolling process, the sample shows a texture gradient from the surface to the center 
of the as-received plate. Figure 3.8 shows the results of ODF analyses for different layers. 
Table 3.2 lists the main orientation components observed in Fig. 3.8.  
In the surface layer (s = 0.97), the texture is consisted of the orientation components along the 
β fiber and weak shear components. The orientation components along the β fiber scatter 
towards the rotated cube component, i.e. the brass component scatters in the vertical direction 
in the φ2 = 0° section, and the Copper component shifts to the Dillamore component which is 
at the lower Φ angle in the φ2 = 45° section, and the S component also shifts the lower Φ 
angle in the φ2 = 65° section. Besides, the rotated cube component scatters towards 
{112}<110> orientation which is located at {0°, 35°, 45°} in Euler space. In the subsurface 
layer (s = 0.73), rotated cube component becomes stronger, and the orientations along the β 
fiber get weaker than the surface layer. The scattering of the β fiber orientations also grow 
larger. In the quarter layer (s = 0.49), the orientations along the β fiber become stronger and 
shift back towards their ideal positions. The scattering of the Copper, brass and S components 
get smaller. The rotated cube component gets very weak. In addition, there is a weak Goss 
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component. Further towards the center (s = 0.26 and s = 0), the texture is composed of the 
typical plain strain rolling texture, the orientations of which concentrate along the β fiber, and 
the shear components totally disappear. 
 
Table 3.2: Miller indices and Euler angles of the main orientation components observed in the 
as-received AA 7020-T6 plate. 
Designation Miller indices 
{hkl}<uvw> 
Euler angles 
φ1/° Φ/° φ2/° 
Copper {112}<111> 90 30 45 
S {123}<634> 59 34 65 
brass {011}<211> 35 45 0 
Dillamore {4 4 11}<11 11 8> 90 27 45 
Goss {011}<100> 0 45 0 
Cube {001}<100> 0 0 0 
Rotated cube {001}<110> 45 0 0 
shear {112}<110> 0 35 45 
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φ2 = 0° φ2 = 45° φ2 = 65°  
 
 
 
 
 
 
Fmax = 9.3 mrd 
 
   
 
 
 
 
 
 
 
(a) s = 0.97 
   
 
 
Fmax = 7.5 mrd 
 
 
 
 
 
(b) s = 0.73 
   
 
 
Fmax = 11.5 mrd 
 
 
 
 
 
(c) s = 0.49 
   
 
 
Fmax = 16.8 mrd 
 
 
 
 
 
(d) s = 0.26 
   
 
 
Fmax = 27.9 mrd 
 
 
 
 
 
(e) s = 0 
 
Figure 3.8: ODF analysis results of different layers of the as-received AA 7020-T6 plate. 
Phi 1 
Phi
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3.6 In situ diffraction pattern measurements for flat tensile samples 
The in situ tensile tests for the anisotropy investigation using flat tensile sample, were also 
carried out at HEMS P07B, with X-ray wavelength of 0.1420 Å, beam size of 0.5 × 0.5 mm2, 
sample-detector distance of 1119 mm and Perkin Elmer XRD 1622 detector, on the universal 
tensile machine with loading speed of 5 × 10-4 mm/s till UTS at room temperature. In order to 
get lattice spacing dhkl in both parallel and perpendicular to LD, the intensity-2θ spectra were 
integrated from the Debye-Scherrer rings within 10° sector in γ along the two directions. 
Lattice strains under different load were obtained by ε = (dhkl - d0, hkl) / d0, hkl, where d0, hkl is 
the starting lattice spacing of stable elastic deformation. The misalignment of the area detector 
was calibrated by the LaB6 standard powder using the software package FIT2D [95]. 
 
3.7 Metallographic Sample Preparation and Chemical Etching 
The samples were firstly mounted in phenolic resin for metallographic preparation. After that, 
mounted samples were ground by silicon carbide paper 240, 400, 600, 800, 1000, 1200, 2400 
at the speed of 150 rpm. Then, the samples were polished using micron diamond at the speed 
of 150 rpm for 15 minutes. The Struers model RotoPol-21 was used for grinding and 
polishing. The etching of the samples was carried out in the solution consisted of 200 ml 
distilled water and 5 g 35% tetrafluoroboric acid for 2 minutes under 30 V voltage. The 
optical microstructures were obtained by optical microscopy Olympus -PMG3. 
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4. Texture evolution during tension at RT: in situ measurement 
4.1 Microstructure of the round tensile sample 
The round tensile sample was cut from 7.5 mm below the surface of the as-received plate 
along RD, the microstructure of which is shown in Fig. 4.1. One can see that the grains are 
elongated along the RD. The average dimension of the grains along ND is around 40 µm.  
 
 
Figure 4.1: Microstructure of the ND-RD plane of the as-received material. 
 
4.2 In situ texture measurements positions 
The load-elongation curve for the texture evolution measurement is shown in Fig. 4.2. Six 
pole figure measurements were carried out, corresponding to the positions P1 (before load), 
P2 (after yield), P3 (half way between yield and UTS), P4 (UTS), P5 (shortly after UTS) and 
P6 (after failure). The load and elongations for each measured point are listed in Table 3.3. 
Furthermore, from Fig. 4.2 one can see that the stress released a little during each pole figure 
measurement.  
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Figure 4.2: The load-elongation curve for the texture evolution measurement. 
Table 4.1: The load and elongation for each pole figure measurement in Fig. 4.2. 
 P1 P2 P3 P4 P5 P6 
Load (kN) 0 9.75 10.52 10.68 10.33 0 
Elongation (mm) 0 0.88 2.00 2.92 4.01 5.25 
 
4.3 Results and discussion 
4.3.1 Pole figure analysis 
In order to see how the texture changes during tensile loading, the recalculated Al (111) pole 
figures of the sample under different loads are compared, as shown in Fig. 4.3.  
In contrast with the initial pole figure (P1), the Al (111) pole figure after yield (P2) shows 
many changing details. Firstly, the pole densities at copper component positions decrease, 
especially for those near the center of the pole figure, which leads to the maximum pole 
density dropping down. Secondly, along the LD, the Dillamore component seems very clear 
due to the going down of the copper component, indicating Dillamore component is relatively 
stable at this stage. Thirdly, the pole densities of the component near the direction 
perpendicular to the LD, corresponding to the S component, also decrease. Fourthly, the pole 
densities of the four high-pole-density positions near the north and south of the pole figure 
also decrease a little, indicative of the decrease of brass and/or S components. From P2 to P3, 
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details at the LD show that grains are rotating to the LD, making the pole density near LD 
higher and the two high-pole-density positions at the north and south of the pole figures, 
respectively, move closer to each other. It is observable that the pole densities near the center 
also start to increase. From P3 to P4, the high-pole-density positions at the north and south of 
the pole figures get further closer and the corresponding pole densities get higher. The 
maximum pole density close to the perpendicular to the LD moves outwards. From P4 to P5, 
the change is very small. From P5 to P6, the changes are more notable. Firstly, the maximum 
pole density increases. Secondly, the pole density near LD increases much, as can be seen 
from the color code. Thirdly, the pole densities at Copper, S and/or brass components increase. 
The maximum pole densities near perpendicular to the LD move outwards and reach the 
circumference. 
           
     (a) (111) pole figure of P1    (b) (111) pole figure of P2   (c) (111) pole figure of P3 
             
     (d) (111) pole figure of P4    (e) (111) pole figure of P5   (f) (111) pole figure of P6 
Figure 4.3: The recalculated Al (111) pole figures of the sample under different loads. 
Table 4.2 shows the volume fractions of the different grains oriented with the normal of {111}, 
{200}, {220}, {311}, {331}, {420} and {422} parallel or perpendicular to LD at different 
loads during tensile loading. The volume fractions were calculated using the software MTEX 
[116-117]. 
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Table 4.2: Volume fractions of grains oriented parallel and perpendicular to the LD. 
Planes {111} {200} {220} {311} {331} {420} {422} 
 Volume fractions of the grains with plane normal parallel to LD (%) 
P1 0.073 0.032 0.054 0.303 0.121 0.074 0.423 
P2 0.059 0.034 0.067 0.269 0.149 0.082 0.386 
P3 0.067 0.034 0.053 0.276 0.139 0.072 0.401 
P4 0.072 0.035 0.046 0.276 0.133 0.065 0.423 
P5 0.074 0.036 0.043 0.273 0.131 0.061 0.428 
P6 0.086 0.041 0.044 0.263 0.129 0.062 0.421 
 Volume fractions of the grains with plane normal perpendicular to LD (%) 
P1 0.147 0.022 0.116 0.121 0.196 0.147 0.191 
P2 0.153 0.016 0.111 0.109 0.212 0.156 0.173 
P3 0.151 0.016 0.107 0.109 0.220 0.152 0.176 
P4 0.150 0.016 0.107 0.107 0.225 0.149 0.173 
P5 0.152 0.016 0.109 0.106 0.226 0.149 0.168 
P6 0.151 0.028 0.138 0.119 0.223 0.136 0.158 
 
Parallel to LD, four groups of grains can be summarized. The first group includes {111} and 
{422} grains, the volume fractions of which first go down after yield, and then increase 
gradually in the following process. The second group contains {200} grains whose volume 
fraction increases during all the process. The third group contains {331} and {420}, and the 
volume fractions of them first increase after yield, but after that they decreases gradually. 
{220} and {311} grains belong the forth group. The volume fraction change of this group has 
a tendency to decrease. The volume fractions of {111} and {200} grains increase 
monotonously after yield, indicating the plastic deformation tends to form {111} and {200} 
fiber textures at the early stage of tensile loading. 
Perpendicular to LD, volume fraction changes are more complicated. The volume fractions of 
{200}, {220} and {311} grains first go down, and then go up. The volume fraction of {331} 
grains has a generally tendency of increase, whereas that of {422} has a tendency of decrease. 
The volume fraction of {420} first increases after yield, but it decreases gradually after that. 
The volume fraction of {111} grains fluctuates around a certain value. The complicity can be 
attributed to the grains constituting the reflections. For instance, the grains with the normal of 
{200} planes orientate to the direction perpendicular to the LD, meanwhile may have the 
normal of {hk0} or {h00} planes orientate to the LD. 
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4.3.2 ODF analysis  
Tensile of both Al single crystal and polycrystals makes a specific crystallographic direction 
rotate to the LD. The specific crystallographic direction is defined as stable end orientation. 
The stable end orientation of tension of Al single crystal is <112>, while for Al polycrystals 
<111> is the stable end orientation for high degree deformation. Investigation in [118] shows 
that when the LD is parallel to RD, the LD is located close to the [-111], which is the stable 
end orientation during uniaxial tension. Therefore, grains need not rotate much to reach the 
stable end orientation. When LD is parallel to 90° to RD, firstly, the LD will rotate to the 
[-112], and then it will rotate to the [-111]. When LD is parallel to 45° to RD, the rotation path 
of LD cannot be determined by the low index ideal orientations, even though the grains show 
trend to rotate their [-111] towards the LD after 135% elongation [118].  
It is worth noting that the above mentioned grain rotation behavior was observed after large 
tensile deformation. In the present study, grain rotation behavior was investigated at small 
tensile deformation using in situ synchrotron X-ray diffraction.  
Figure 4.4 and 4.5 show the ODF analysis results of the sample under different loads. From 
them, one can see that the brass component increases gradually during the whole tensile test, 
and it also shows a trend to scatter in the vertical direction. In φ2 = 45° section, for the initial 
texture, the ideal components are superimposed by Dillamore and Copper components. But as 
the tensile test continues, the local maximum orientation density near these two components 
shifts towards lower φ1 angle till close to fracture where the local maximum orientation 
density shifts back to higher φ1 angle. From Fig. 4.5, one can see that the orientation density 
of copper component drops down quickly from initial state to after yield. Then it stays stable 
up to the measured point P5. After that, the orientation density of copper component increases 
again. The orientation density of S component, firstly, decreases a little from initial state to 
after yield. Then it increases gradually from after yield to UTS. After that, it decreases 
gradually from UTS to after fracture.  
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φ2 = 0° φ2 = 45° φ2 = 65°  
 
   
(a) P1 (initial state) 
   
(b) P2 (after yield) 
   
(c) P3 (between yield strength and UTS) 
   
(d) P4 (at UTS) 
   
(e) P5 (between UTS and fracture) 
   
(f) P6 (after fracture) 
Figure 4.4: ODF analysis results for the sample during tensile test. 
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Figure 4.5: The orientation density changing trend of ideal components. 
 
The initial texture shows that the orientations concentrate along β fiber with a weak cube 
component. However, the Dillamore component is more pronounced than the copper 
component, indicating that there was shear deformation during rolling at the layer where the 
sample was cut from the as-received block. Also the shear influences can be clearly seen from 
Fig. 4.4 (a) in φ2 = 0° section where the brass component scatters along the vertical direction 
(along Φ angle direction).  
After yield, evident phenomena are that the orientation of copper component and S 
component decreases a lot, the rotated cube component increase a little. The reason can be 
attributed to the initial texture. When the shear component exists in the sample, the copper 
component is not stable [119]. Therefore, the orientation density of copper component 
decreases a lot after yield. The shear component also makes the maximum orientation density 
near the copper and Dillamore components shift towards lower φ1 angle. But the brass 
component is relatively stable compared to the copper and S components and the orientation 
density of brass component increases a little in this stage, indicating the grains tend to rotate 
towards <112> direction at this stage.  
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From after yield to fracture, the volume fraction of grains with {111} and {100} plane normal 
parallel to the LD increases monotonously, as shown in Table 4.2, indicating the grains tend to 
rotate their <111> and <100> to the LD. Figure 4.6 shows the simulation results of lattice 
rotation from 3 to 5% tensile deformation by self-consistent model, Taylor model and Sachs 
model, respectively. All the three models show the general trend that the LD tends to rotate 
towards either <111> or <100>, which is in agreement with the experimental results from 
after yield to fracture.  
 
   
 (a) Self-consistent model         (b) Taylor model            (c) Sachs model 
 
Figure 4.6: Lattice rotations from 3 to 5% tensile deformation [86]. 
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4.4 Summary of the texture evolution 
Texture evolution of the sample from 7.5 mm below the surface of the as-received AA 7020 
plate, the axis of which was parallel to the RD, was investigated in this chapter. The initial 
texture exhibits copper type texture with sharpness around 10 mrd and a weak cube 
component. The Dillamore component is more pronounced than the copper component. The 
texture evolution shows that the main orientations remain concentrated on copper type texture 
during tensile test due to the small deformation from initial state to sample fracture. The brass 
component shows an increasing trend during the whole test. From yield to fracture, the 
volume fraction of grains with <111> and <100> parallel to the LD increases monotonously, 
indicating some grains tend to align their <111> and <100> to the LD. However, due to the 
small deformation, one cannot see the formation of {111} and {100} fibers directly from the 
pole figures. 
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5. Lattice strain evolution during tension at RT: in situ measurement 
From the diffraction pattern measurements, the lattice strain of the lattice plane oriented in a 
specific direction can be determined through the changes of lattice spacing at different loads, 
thereby giving information of how the differently oriented grains behave under uniaxial 
tension. In the present study, the lattice strains of the lattice planes with their normal oriented 
parallel to and perpendicular to the LD, which satisfy the Bragg’s law with respect to the 
incident beam, are determined. Figure 5.1 (a) and (b) show the lattice strain evolution during 
uniaxial tension in parallel to and perpendicular to the LD, respectively. One can see from the 
figure that the reflex-dependent lattice strain evolution varies from plane to plane, indicating 
different mechanical behavior of the differently oriented grains. The curve is divided into 5 
regions according to the lattice strain evolution in the LD. In the region 1 (elastic region), the 
lattice strain of each reflex increases linearly as the elongation increases. In the region 2 
(elastic plastic region), the lattice strain of each reflex starts to deviate from linearity, 
indicating grains start to yield. In the region 3, the lattice strain of each reflex exhibits 
increasing tread, indicating the work hardening of the each lattice plane, even though the {222} 
lattice planes show a relatively small hardening and the {311} lattice planes show no work 
hardening at the beginning of this region. In the region 4, the lattice strains of some reflexes 
start to decrease while those of the others still increase. In the region 5, the lattice strains of all 
lattice planes decrease as the elongation increases.  
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(a) Parallel to LD 
 
(b) Perpendicular to LD 
Figure 5.1: Lattice strain evolution during uniaxial tension. 
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5.1 Lattice dependent Young’s Modulus and Poisson’s ratio 
When a polycrystalline material deformed in elastic region, external stress is partitioned 
among the constituent grains in an inhomogeneous way, which can be attributed to the elastic 
anisotropy of the material and the interactions among the neighboring grains [89]. The elastic 
anisotropy is dependent on the single crystal properties, and has the expression of 2C44/(C11 - 
C12). For aluminum, C11 = 108.2 GPa, C12 = 61.3 GPa and C44 = 28.5 GPa [120]. Therefore, 
the elastic anisotropic value of aluminum equals 1.22, indicating the elastic anisotropy is 
small. The interactions among neighboring grains depend mainly on the orientation 
correlations between neighboring grains and the amount of the differently oriented grains in a 
specific direction, i.e. the texture of the material.  
Figure 5.2 shows the measured diffraction pattern points in elastic region. From it, one can 
see that the beginning of the curve is not linear due to the movements between the sample and 
the clamp of the tensile machine. Therefore, the measured points in the linear part are used to 
calculate the Young’s modulus and Poisson’s ratio, as illustrated in the Fig. 5.2. There are two 
measured points missing in the range of elongation of 0.5 to 0.6 mm due to a mistake during 
the measurement, but it does not hinder the analysis of the Young’s modulus.  
 
Figure 5.2: Linear part of the load elongation curve in elastic region and the measured points. 
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In order to get lattice spacing dhkl in both parallel to and perpendicular to the LD, the intensity 
vs. 2θ spectra were integrated from the 10° sectors along the two directions, respectively, as 
shown in Fig. 2.27. The lattice strains under different loads were obtained by ε= (dhkl - d0,hkl)/ 
d0,hkl, where d0,hkl is the starting lattice spacing of {hkl} lattice planes at stable elastic 
deformation. The misalignment of detector was calibrated by Zn powder.  
Figure 5.3 shows the lattice strain evolution in both parallel to and perpendicular to LD in 
elastic region, taking the {111} and {311} planes as examples. The Young’s modulus of 
different lattice plane can be obtained by  
hkl
hklE /// εσ ∆∆=                                                       (Eq. 5-1) 
where △σ is the stress increment and hkl//ε∆  is the lattice strain increment of {hkl} lattice 
planes in the LD. Therefore, the Ehkl equals the slope of the linear fitting of the applied stress 
vs. lattice strain curve along the LD. The Poisson’s ratio of different lattice plane can be 
obtained by  
hklhklhklhkl
hkl //// /)//()/( εεεσεσν ∆∆−=∆∆∆∆−= ⊥⊥                              (Eq. 5-2) 
where hkl⊥∆ε  is the lattice strain increment of {hkl} lattice planes in perpendicular to LD. 
Thus, νhkl equals the slope of the linear fitting of the applied stress vs. lattice strain in the LD 
divided by that in the perpendicular to LD. Table 5.1 lists the Young’s modulus and Poisson’s 
ratio determined from the measured data together with the Young’s modulus calculated from 
the Kröner model (Ek) for aluminum with random orientation.  
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            (a) {111} planes                       (b) {311} planes 
Figure 5.3: Example of lattice strain evolution in elastic region. 
 
Table 5.1: Measured and calculated (Kröner model) Young’s modulus and Poisson’s ratio. 
lattice 
planes 111 200 220 311 222 331 422 
E/GPa 79.9±0.3 73.5±0.3 71.8±0.3 69.8±0.2 76.4±0.3 73.9±0.4 76.6±0.5 
ν 0.138 0.173 0.349 0.284 0.218 0.388 0.338 
Ek/GPa 72.3 66.7 70.8 69.2 72.3 71.2 71.8 
νk 0.346 0.358 0.349 0.352 0.346 0.348 0.349 
 
As can be seen from Table 5.1, the Young’s moduli of different lattice planes determined by 
measurement are different from those calculated from the Kröner model. The possible reasons 
for the differences can be attributed to the following: crystallographic texture, alloying 
elements and grain morphology. Crystallographic texture decides the orientation correlations 
among neighboring grains, thereby influencing the distribution of external load to different 
lattice planes so that some lattice planes may undergo more stress than other lattice planes, 
which leads to larger lattice strains for these lattice planes. Besides, the interactions among 
the neighboring grains affect the lattice strains of individual lattice planes, especially for the 
textured materials [121]. However, the {311} lattice planes are less influenced by the current 
texture. Two reasons may contribute to this. The first one is that the amount of {311} lattice 
planes along the LD is relatively more than some other lattice planes, as shown in Table 4.2. 
The second one is that the multiplicity factor of {311} is 24. Texture has much less influence 
on the lattice planes with high multiplicity factor.  
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5.2 Lattice strain in the region 2 
From Fig. 5.2, the macro yield strength of the sample was obtained to be 309.1 MPa, which is 
consistent with the values of Al 7020 alloy reported in [122-123]. The yield strengths of 
different lattice planes are shown in Table 5.2. From the table, one can see that the yield 
strengths of individual lattice planes are lower than the macro yield strength. The possible 
reason may be that the macro yield strength is the average value of all lattice planes oriented 
in all directions. The measured lattice planes account for a very small portion of all lattice 
planes, as shown in Table 4.2. There may be some lattice planes which cannot be measured by 
the area detector (reflexes at bigger two theta angles) or which are oriented in some other 
directions with respect to the LD, having higher yield strengths.  
Table 5.2: The yield strengths of different lattice planes. 
Lattice planes 111 200 220 311 222 331 422 
Yield strength/MPa 294.6 290.7 302.1 309.1 296.7 295.8 294.3 
 
The lattice strains of different lattice planes in yield region are shown in Fig. 5.4. The changes 
in lattice strain result from the load redistribution among different oriented grains. The load 
redistribution is determined by both elastic and plastic anisotropy. In the LD, the lattice strain 
of {331} lattice planes has the lowest lattice strain value when it yields. At the same time, 
other planes still deform elastically. It means {331} lattice planes experience lower load when 
the sample yields. The other lattice planes undergo higher load.  
In the perpendicular to LD, the {200} lattice planes has the lowest lattice strain when the 
sample yields, whereas the {331} lattice planes have the highest lattice strain, which is on the 
contrary of the lattice strain in the LD. The lattice strain changing trend in the perpendicular 
to LD is smoother than that in the LD, because the deformation in the perpendicular to LD is 
mainly controlled by the Poisson contraction. The Poisson’s ratio can be seen from Table 5.1, 
and it shows that the Poisson’s ratio of {331} is the highest one, which makes the {331} 
lattice planes have the largest lattice strain in the perpendicular to LD. 
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           (a) Parallel to LD                          (b) Perpendicular to LD 
Figure 5.4: Lattice strain evolution in the region 2. 
 
5.3 Lattice strain evolution in region 3 
The lattice strain evolution form after yield to half way to the UTS, i.e. elongation from 0.8 
mm to 2.6 mm, which corresponds to the green points in Fig. 3.6, is shown in Fig. 5.5. 
Parallel to the LD, work hardening can be seen from all the lattice planes, even though the 
{222} lattice planes shows very small work hardening and the {311} lattice planes do not get 
harder at the beginning of this region. The lattice strains increasing rate of {311}, {422}, {200} 
and {400} planes show bigger values than those of {111}, {220} and {222} planes. The 
working hardening behavior of different lattice planes depend on the dislocation slip. 
Different combinations of slip systems can cause various work hardening behaviors, which 
will be discussed in the section 5.6.  
Perpendicular to LD, the lattice strain is mainly controlled by the Poisson contraction and 
interaction among the neighboring grains. The {200} planes show a dramatic difference from 
others. They experience a tensile stress after yield. The reason for this will be discussed in 
chapter 7. Except {200} planes, the {111} lattice planes undergo less compressive stress than 
the other planes, because the Poisson’s ratio of {111} lattice planes is smaller than those of 
other lattice planes’, as shown in Table 5.1. The lattice strains of {111} and {222} are 
different, because they are not from the same group of grains. Details will be discussed in 
section 5.6.  
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           (a) Parallel to LD                        (b) Perpendicular to LD 
Figure 5.5: Lattice strain evolution in the region 3. 
 
5.4 lattice strain evolution in region 4 
The lattice strain evolution in region 4 is shown in Fig. 5.6, corresponding to the blue points 
in Fig. 3.6. In the LD, after UTS, the lattice strains of {200}, {400}, {311}, {331} and {422} 
continues to increase, indicating that these lattice planes reach their own ultimate tensile 
stresses after the sample’s UTS. The lattice strain of {222} starts to decrease at the beginning 
of this region, whereas the lattice strain of {111} starts to decrease around UTS. The lattice 
strain of {220} shows a decreasing trend at the end of this region. Before that, it keeps 
relatively stable. Perpendicular to LD, the lattice strains of some lattice planes show different 
changing trend as those in the LD, indicating again that the Poisson contraction is not the only 
factor which controls the grain behavior, and the interactions among neighboring grains have 
effects on the grain behavior.  
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           (a) Parallel to LD                         (b) Perpendicular to LD 
Figure 5.6: Lattice strain evolution in the region 4. 
 
5.5 lattice strain evolution in region 5  
The lattice strain evolution in region 5 is shown in Fig. 5.7, corresponding to the light blue 
points in Fig. 3.6. Along the LD, the lattice strains of all lattice planes decrease as the 
elongation increases, which indicates that all the lattice planes undergo a relatively 
compressive stress resulted from the reversal of the elastic deformation. The measured area is 
not the necking area, but close to the necking area. Therefore, when the necking starts, the 
reversal of elastic deformation exerts a relatively compressive stress to the measured area. 
Perpendicular to LD, except the {111} and {200}, the lattice strains (absolute value) of all the 
other lattice planes show a decreasing trend.  
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         (a) Parallel to LD                         (b) Perpendicular to LD 
Figure 5.7: Lattice strain evolution in the region 5. 
5.6 Discussion 
The profile of diffraction peak changes when the deformation is exerted upon the measured 
area. Three main differences can be obtained, including peak shift, peak broadening and peak 
height change, as shown in Fig. 5.8. Peak shift is related to the change in the lattice plane 
spacing, which is attributed to the type I stress (macroscopic stress) and type II stress 
(intergranular stress). Peak broadening is mainly related to the defects density generated by 
plastic deformation. Peak height is mainly associated with the orientation changes of grains. 
The lattice strain discussed in this chapter is due to the peak shift.  
 
Figure 5.8: Peak comparison between unloaded state and at UTS. 
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For polycrystalline materials, the interaction among the neighboring grains plays an important 
role in the response of a grain to external load [124], especially when the texture is present in 
the material. Thus, the stress-strain response of specially oriented grains depends largely on 
the neighboring grains. In elastic region the measured Young’s moduli of different lattice 
planes are different from the calculated values by the Kröner model which assumes 
neighboring environment of a grain is homogeneous and has random orientations. In Knöner 
model, the {111} planes are stiffest while the {200} planes are the most compliant. However, 
texture changes the mounts of grains with special orientation in a specific direction. It exerts 
influences on the load distributions among different lattice planes oriented in the specific 
direction, making the measured Young’s modulus deviate from the theory. For example, in 
Table 5.1, the measured Young’s modulus of {200} planes is not the most compliant one. It 
can be attributed to the neighboring grains which surround the grains containing the {200} 
planes with plane normal parallel to the LD. The neighboring grains confine the deformation 
of the {200} grains, making the lattice strain of {200} planes smaller than when there is no 
confinement. Therefore, the Young’s modulus of {200} grains is larger than that of the 
theoretically calculated one.  
The Young modulus difference between the {111} and {222} lattice planes can be attributed 
to the different diffraction 2θ angles. The 2θ angles are 3.48° and 6.97° for the {111} and 
{222} planes, respectively, under the experimental condition. It means that the normal of the 
measured {111} and {222} planes are 1.74° and 3.49° away from the LD, respectively, which 
makes the neighboring grains are different for the {111} and {222} planes. Thus, the 
interactions among neighboring grains of the two group planes are different, leading to the 
different measured lattice strains.  
When plastic deformation starts, the lattice strains of lattice planes largely depend on the 
texture, because it exerts geometrical restrictions on the dislocation slip process. It is 
necessary to summarize which slip systems are activated for a given orientation. In fcc metals 
with high stacking fault energy, the slip systems are {111}<110>, totally 12 slip systems, as 
shown in Table 2.1. For a single fcc crystal, how many slip systems are equally stressed 
depends on along which crystallographic direction the crystal is stressed. If the loading axis is 
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parallel to <111>, <100> and <110> directions, there are 6, 8, 4 equally stressed slip systems, 
respectively. If the loading axis is parallel to a direction lying on a boundary of the basic 
triangle, for example <311> direction, there are two equally stressed slip systems. If the 
loading axis is parallel to a direction inside the basic triangle, there is only one slip system 
which is favored [125-126]. The <111> orientation of polycrystalline aluminum has high 
work hardening rate, whereas the <100> orientation and the orientations with only one slip 
system work harden very slowly. The differences between the <111> orientation and <100> 
orientation are very evident, even though they have 6 and 8 equally stressed slip systems, 
respectively. Therefore, the number of equally stressed slip system cannot explain the 
different work hardening behavior. Special combination of slip systems must play an 
important role in the different work hardening behavior.  
Bishop pointed out that there are four different crystallographic stress states that can activate 
polyslip [127]. Kocks divided the four types of stress states into five types when he 
investigated on the work hardening behavior of different stress states [125]. Polyslip by the so 
called [111] tension stress state has high work hardening rate, whereas polyslip by the so 
called [100] tension stress state shows very low work hardening rate, as shown in Fig. 5.9. 
Polyslip by the other three stress states, respectively, show work hardening between the [111] 
tension stress state and [100] tension stress state. Figure 5.10 shows the polyslip activated by 
the [111] tension stress state and [100] tension stress state. 
 
Figure 5.9: Work hardening behavior of different stress states. A is [100] tension. B is [111] 
tension. Details can be found in [125]. 
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                (a)                                    (b) 
Figure 5.10: Polyslip activated by (a) [111] stress state; (b) [100] stress state [125]. 
 
In the present study, the interactions among different oriented grains are very pronounced due 
to the preferred orientations in this sample, which may change the stress state in specific 
oriented grains. It is a big challenge to measure the stress states which cause the different 
work hardening behavior of individual lattice planes, but it is feasible to estimate which stress 
state is more dominant in specific oriented grains. For the lattice planes which show very high 
work hardening rate such as {311} and {422} in Fig. 5.5, the [111] tension stress state is 
dominate. For the lattice planes which show almost no work hardening such as {222}, the 
[100] stress state controls the lattice strain.  
In the region 4, the lattice strains of {111} and {222} lattice planes decrease while the lattice 
strains of other lattice planes still shows an increasing trend, indicating the load release starts 
firstly in the {111} and {222} lattice planes. The ultimate tensile strength of {222} appears 
before the sample’s UTS, but the ultimate tensile strengths of {200}, {400}, {311}, {331} and 
{422} appear after the sample’s UTS. The UTS of the sample is the average value of all 
lattice planes when the average value reaches its maximum. From the beginning of region 5, 
lattice strains of all lattice planes decrease as the elongation increases due to the reversal of 
the elastic deformation. The reversal of the elastic deformation has much influence on the 
dislocation density in the sample, which will be discussed in chapter 6.  
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5.7 Summery of the lattice strain evolution 
This chapter investigated the lattice strain evolution of a sample having copper type texture 
with maximum orientation density around 10 mrd. The tensile test was conducted till sample 
fracture. In the elastic region, the {111} lattice planes are the stiffest, as in theory, but the {200} 
lattice planes are not the most compliant ones due to the interactions with neighboring grains 
having other orientations. The Young’s modulus of {311} lattice planes is less affected by the 
texture with 10 mrd sharpness, which is almost the same as that of the {311} calculated by 
Kröner model for randomly oriented polycrystalline aluminum. In the plastic region, the work 
hardening behavior is mainly controlled by the two types of dislocation arrangements, the so 
called [111] tension stress state and [100] tension stress state. Load release firstly starts on the 
{111} and {222} lattice planes before UTS. The ultimate strengths of some lattice planes 
appear before sample’s UTS while those of other lattice planes appear after sample’s UTS. 
The UTS of the sample is the average value of all lattice planes when the average value 
reaches its maximum.  
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6. Dislocation density evolution during tension at RT: in situ measurement 
As mentioned in section 2.11, X-ray diffraction peaks get broader due to reduced crystallite 
size and/or increased defect density. The crystallite size should be smaller than around 1 µm, 
while the dislocation density needs to be larger than 5×1012 m-2.[98], being able to be detected 
by X-ray diffraction, depending on the instrument. In addition, instrument based line 
broadening [128] and line broadening by sample thickness [129] (transmission method) will 
make an extra broadening of the diffraction peaks. Therefore, line broadening from these two 
parts should be deconvoluted before making peak broadening analysis, from which one can 
get the information of defect density and/or crystallite size. 
 
6.1 Calibration of the misalignment of the detector 
The misalignment of the detector was calibrated by stress and texture free Zn powder with 10 
µm grain size using the software Fit2d. Firstly, the diffraction pattern of the Zn powder is 
input to the Fit2d. Secondly, one chooses the calibration option in the software. Thirdly, one 
input an ASCII file containing the lattice spacing values of the {hkl} lattice planes of which 
the whole Debye-Scherrer rings are collected by the area detector. The Debye-Scherrer rings 
chosen for the calibration should be the ones which are not overlapped by different {hkl} 
lattice planes. Fourthly, the software calculates the beam center position, the tilting angle of 
detector (in plane) and the rotation angle of the tilting plane based on the chosen 
Debye-Scherrer rings. The tilting angle of detector in our case is 0.1978°. Fig. 6.1 shows the 
diffraction pattern of the Zn powder and the 2θ-γ-intensity plot of the diffraction pattern after 
calibration. The γ is the azimuth angle along the Debye-Scherrer ring. From Fig. 6.1 (b), one 
can see that the misalignment of the detector is well calibrated. 
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(a) 
 
(b) 
Fig. 6.1: (a) Diffraction pattern of Zn powder; (b) the 2θ-γ-intensity plot of the diffraction 
pattern of Zn powder after calibration. 
 
6.2 Thickness correction 
All the diffraction pattern measurements were carried out by transmission method, i.e. the 
high energy X-rays penetrated the sample thickness. Thus, it should make thickness correction 
before performing peak broadening analysis. Figure 6.2 shows the sketch of how the 
thickness of a sample contributes to the peak broadening. 
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Figure 6.2: Sketch of the thickness effect on peak broadening. 
 
The meanings of the symbols used in Fig. 6.2 are as follows: a: sample thickness; b: side 
length of the beam size; θ: diffraction angle; x1: the delta 2 theta angle which is broadened by 
a and b; y: the length on the area detector caused by both a and b, y = b + a*tan2θ; D: 
sample-detector distance. 
According to geometry relations among the above mentioned parameters, the following 
equation can be obtained:  
( ) θθθ 2tan22tanDaDbarctan1 −++=x                                  (Eq. 6-1) 
Equation 6-1 contains the beam size effect on peak broadening, which will be also counted in 
the instrumental broadening in the following part. This part of peak broadening should be 
removed form thickness effect. Assuming the thickness of the sample to be 0 mm, the 
contribution form the beam size, x2, at a given 2θ angle has the following expression: 
( ) θθ 2tan2b/Darctan2 −+=x                                            (Eq. 6-2) 
Assuring the intensity distribution of the thickness effect and beam size effect, respectively, 
are Gauss distribution. Then using Gaussian deconvolution, the broadening effect from only 
the thickness effect, x, has the following expression: 
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( )212221 xxx −=                                                         (Eq. 6-3) 
Notice the x is the broadened 2θ on the area detector before integration. It should be 
converted to the broadened FWHM at a given 2θ. According to the definition of Gauss 
distribution, the standard deviation σ approximately equals x/6. So the broadened FWHM by 
the thickness effect, FWHM1, has the expression: 
( )6ln222FWHM1 x∗=                                                (Eq. 6-4) 
 
6.3 Instrumental correction 
Instrumental broadening is caused by the divergence of the beam, beam size, slits systems and 
all that related to the instrument. It should also be removed to get the physical broadening by 
lattice defects and/or small coherently scattering domain size. In the present study, the NIST 
Al2O3 plate is used as the standard sample to get the instrumental function, and the thickness 
of it is 1.5 mm. Furthermore, the measured instrumental function should also be corrected by 
thickness effect (removing the broadening caused by thickness). Figure 6.3 shows the 
measured instrumental function (IF) curve and the IF curve corrected by thickness effect 
using the calculation procedures mentioned in section 6.2. The correction is carried out in way 
of Gaussian deconvolution. In addition, the FWHM caused by thickness effect at each 
diffraction peak of Al2O3 plate are indicated by the green points. One can see that the 
thickness effect on peak broadening increases with the increasing 2 theta almost in a linear 
way.  
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Figure 6.3: The measured and the thickness corrected instrumental functions and thickness 
correction values for the diffraction peaks of NIST standard Al2O3 plate. 
 
6.4 FWHM changing trend during tension 
The FWHM evolution of the Al (111), (200), (220), (311), (331), and (422) peaks are shown 
in Fig. 6.4 as a function of elongation during tensile loading. In the elastic region, with the 
exception of Al (220) and (422) peaks, the FWHM of all the other planes decreases as the 
elongation increases. From yield on, the FWHM of all peaks increases rapidly, indicating a 
rapid generation of defects and/or reduction of crystallite size, corresponding to the strain 
broadening and/or size broadening, respectively. However, at the end of region 3 and the 
beginning of the region 4, as the elongation increases, the increasing rate of FWHM slows 
gradually down. Around UTS, the FWHM of all peaks keep almost constant, except the Al 
(111) and (311). Close to the end of the region 4, the FWHM of Al (111) and (311) decrease a 
little. At the end of region 5, the FWHM of Al (331) and (422) show an increasing trend, 
whereas that of Al (111) shows a decreasing trend. 
 
Dislocation Density Evolution During Tension at RT: In Situ Measurement 
- 86 - 
 
 
Figure 6.4: FWHM development during tension. 
 
6.5 Peak broadening analysis 
In the present study, the thickness correction in section 6.2 can be applied due to 3 factors. 
First, the beam size is 0.5 × 0.5 mm2. Second, the scattering angle is very small, maximal 2 
theta angle being around 10.4°. Third, the diameter of the sample is 6 mm. Therefore, the 
irradiated part of the sample can be assumed as a flat sample.   
Figure 6.5 shows the conventional Williamson-Hall plot of the thickness and instrument 
corrected FWHM at unloaded state and at UTS. From it, the Williamson-Hall anisotropy can 
be observed [130]. The sample before load shows a strong strain anisotropy, but it becomes 
less anisotropic at UTS. As a matter of fact, the strain anisotropy of the sample does not 
change until yielding. According to the three categories of lattice defects defined by Krivoglaz 
[104], the linear type of defects majorly contribute to strain broadening. On the basis of this, 
after yielding, the change of strain anisotropy should be due to the increase of dislocations. 
 
Dislocation Density Evolution During Tension at RT: In Situ Measurement 
- 87 - 
 
 
Figure 6.5: Conventional Williamson-Hall plot for the sample before loading and at UTS. 
 
Modified Williamson-Hall plot is used to evaluate dislocation density evolution during tensile 
loading. As can be seen in the section 2.11, the dislocation arrangement parameter M cannot 
be obtained by Williamson-Hall procedure. It can only be got from the tail of the peak profile 
through some assumptions [131-132]. Therefore, the accurate value of dislocation density 
cannot be obtained from modified Williamson-Hall plot. However, it does not hinder the 
evaluation of dislocation density evolution for a series of spectra obtained during tensile 
loading. The present study fixes M = 2, a value between high strain and low strain of an Al 
alloy got from [133]. Figure 6.6 shows the modified Williamson-Hall plot for the sample 
before loading and at UTS, respectively. In modified Williamson-Hall plot, the C h00 is 
calculated on the assumption that half edge and half screw dislocations exist inside the sample 
using the program ANIZC [134]. C h00 = 0.1922, with elastic constants of Aluminum, C11 = 
108.2 GPa, C12 = 61.3 GPa, C44 = 28.5 GPa [120]. The slope of the linear regression fitting is 
used to calculate the dislocation density using Eq. 2-36.  
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Figure 6.6: Modified Williamson-Hall plot for the sample before loading and at UTS. 
6.6 Dislocation evolution during tensile loading 
The dislocation evolution during tensile loading is shown in Fig. 6.7. The initial dislocation 
density is 6.26×1013 m-2, which is close to the dislocation density of an aluminum sample 
after annealing. 
In the region 1, dislocation density decreases gradually as the applied stress increases. In this 
region, the applied stress is not high enough to make generation of dislocations, but it can 
make the existing dislocations mobile. Thus, when the dislocation line segments of the same 
character but opposite polarity (positive or negative) encounter, they annihilate each other, 
leading to the decrease of dislocation densities.  
When it reaches the region 2 (yield area) and region 3, the resolved shear stress is high 
enough to initiate dislocation slip. New dislocations are continuously generated by sources 
such as Frank-Read source. Also expansion of the dislocations increases the line length within 
the volume. The two factors make the whole dislocation density go up. Due to the relatively 
low dislocation density at the initial state, the annihilation of dislocations is low. Therefore, 
dislocation density increases with high rate till around 2.56 mm elongation. The lattice strain 
evolution of all the lattice planes in Fig. 5.1 (a) also shows that all lattice planes exhibit work 
hardening in region 3. 
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In the region 4, as the applied stress increases, the annihilation of dislocations becomes 
stronger and stronger so that the increasing rate of dislocation density gets smaller and smaller. 
From elongation around 2.56 to around 4 mm, a balance between the generation and 
annihilation of dislocations is reached. In this area, the {111} and {222} lattice planes start to 
soften, while the other lattice planes still harden, as shown in Fig. 5.1 (a). At the end of the 
region 4，there is another dominant dislocation generation. It may be due to the decrease of 
the applied stress after UTS, which is like a relatively compressive stress that changes the 
balance between dislocation generation and annihilation and makes the former larger. The 
relatively compressive stress makes the lattice strain of {111}, {220}, {222} and {422} 
decrease, but has no effect on the other lattice planes, as shown in Fig. 5.1 (a).  
In the region 5, at first, dislocation density starts to decrease. Two factors may contribute to 
this. One is that the dislocation density induced by the relatively compressive stress reaches 
its maximum, leading to dislocation annihilation reaching a high value. The other one is the 
applied stress drops down close to the yield stress, resulting in a lower dislocation generation. 
In the last section of region 5, the sudden increase of dislocation density can be attributed to 
the reversal of the elastic deformation, which exerts a relatively compressive stress to the 
measured area (close to the necking area). In the measured area, the reversal of the elastic 
deformation is faster than that at the beginning of the region 5, as shown by the lattice strain 
evolution in Fig. 5.1 (a), which makes dislocation generation dominant again. 
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Figure 6.7: Dislocation density evolution during tensile loading. 
 
 
6.7 Dislocation density and flow stress 
According to dislocation theory, the correlation between dislocation density and flow stress 
can be expressed by Taylor equation [135]:  
ραµσσ bM+= 0                                                     (Eq. 6-5) 
where σ0 is the friction stress,  is average Taylor factor, α is a constant, µ is the shear 
modulus, b is the Burgers vector and ρ is the dislocation density. Figure 6.8 shows the stress 
against square root of dislocation density plot. A good linear correlation is found between 
these two parameters in the elongation range from 0.83 mm to 2.56 mm. In this range, 
dislocation generation is dominant, as mentioned in section 6.6. In the later elongation range, 
when the annihilation of dislocation becomes balanced with dislocation generation, Eq. 6-5 is 
not suitable to describe the correlation between the stress and square root of dislocation 
density. Moreover, as shown in chapter 4, the texture does not change much due to the small 
deformation of the tensile test. Therefore, the average Taylor factor should not change much 
in the elongation range from 0.83 to 2.56 mm. In the present study, it is assumed to be 
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constant in this range. Making linear fitting of the measured data by least square regression 
and taking average Taylor factor  = 3.06, µ = 26 GPa, b = 0.286 nm, one can get α = 0.296, 
which is in the range of 0.2-0.35 [136-137], indicating the good correlation between the 
experimental data and calculated dislocation density. 
 
 
Figure 6.8: Applied stress vs. square root dislocation density plot. 
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6.8 Summery of dislocation density evolution 
Peak broadening analysis is carried out using modified Williamson-Hall plot, assuming the 
micro strain is caused solely by dislocations. It is feasible to characterize the evolution of 
dislocation density along the loading axis during uniaxial tension of an AA 7020-T6 sample. 
Also a method for correction of the peak broadening caused by sample thickness is developed 
and has been successfully used for data evaluation. Results show that in the elastic region, 
dislocation density decreases as the elongation increases. From yield to half way between yield 
and UTS, the dislocation density increases rapidly, which contributes to the work hardening of 
individual lattice planes mentioned in chapter 5. Near UTS, the dislocation density fluctuates 
around a certain value, resulting from the balance between dislocation generation and 
dislocation annihilation. Further beyond UTS, some grain orientations show further work 
hardening while other grain orientations show softening, which leads to a slight increase in the 
dislocation density. In the fracture region, a significant increase of dislocation density is 
observed. It results from the reversal of elastic deformation (like a relatively compressive stress) 
which is absorbed by the measured area (outside the necking zone). Moreover, in the region 
from yield to half way between yield and UTS, i.e. elongation from 0.83 to 2.56 mm where 
dislocation generation is dominant, the correlation between flow stress and dislocation density 
satisfies the Taylor equation.  
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7. Anisotropic mechanical behavior along different directions of 
as-received AA 7020 plate 
Besides the elastic anisotropy of single crystal which depends on the investigated material, 
crystallographic texture is a pronounced factor contributing to the anisotropic mechanical 
properties of materials such as aluminum [138-140]. Both elastic and plastic properties vary 
as the direction changes with respect to a specifically referential coordinate (for example the 
rolling coordinate), if the grains of the investigated material have preferred orientations. 
Therefore, the deformation of a textured material shows the characteristics of anisotropy such 
as the occurrence of earing during deep drawing of a textured sheet [3, 6]. During deformation, 
the stress in individual grains differ from the applied stress, which depend on how the grains 
are oriented with respect to the applied stress, the orientation correlation with neighboring 
grains and the interactions with the neighboring grains, making it difficult to predict how 
grains behave during deformation [20]. However, the stress states in specifically orientated 
grains can be visualized through the lattice strain [16, 90, 141], and the anisotropic 
mechanical behavior can be observed directly from the lattice strain evolution during 
deformation. In this chapter, the texture induced anisotropic mechanical behavior is 
investigated using the samples cut from the highly textured center layer of the as-received AA 
7020-T6 plate, as mentioned in section 3.2. The lattice strain evolution along RD, 45° to RD 
and 90° to RD during uniaxial tension are analyzed. 
 
7.1 Macro tensile curves and measured points  
The LD of the three samples with respect to the Al (111) pole figure is shown in Fig. 7.1. The 
macro load-elongation curves of the samples along RD, 45° to RD and 90° to RD are shown 
in Fig. 7.2, which exhibit direction dependent stress strain behavior. In elastic region, due to 
the low elastic anisotropy of aluminum, the differences among the three samples are very 
small. But as the yield starts, the plastic anisotropy, which depends on the geometry of 
dislocation slips, can be immediately observed through the direction dependent yield strengths, 
as listed in Table. 7.1. The macro yield strength of the RD sample is the highest, while the 45° 
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to RD sample has the lowest one, and correspondingly, the UTS for the three samples have 
the same sequence. Besides, from yield to UTS, the working hardening rates are small and 
similar for all the three samples from macro scale. 
 
  
(a) LD // RD                   (b) LD // 45° to RD 
 
    
 
 
 
 
 
      
(c) LD // 90° to RD  
 
Figure 7.1: Loading direction of the three samples with respect to Al (111) pole figure 
(maximum pole density Pmax = 24 mrd). 
 
LD LD 
LD 
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Figure 7.2: The load-elongation curves and measured points of the samples along RD,     
45° to RD and 90° to RD. 
 
Table 7.1: Direction dependent yield strengths. 
Directions RD 45° to RD 90° to RD 
Yield strength 317.8 MPa 297.5 MPa 303.5 MPa 
 
7.2 Calculations of the lattice strain 
Diffraction pattern were collected at each measured point shown in Fig. 7.2. An image from 
the detector was shown in Fig. 7.3. The Debye-Scherrer rings correspond to the different {hkl} 
lattice planes oriented in such way that they satisfy the Bragg’s law with respect to the 
incident beam. Therefore, it is possible to determine the lattice strain of particular sets of 
crystallites which are orientated in certain directions such as a LD and perpendicular to LD.  
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Figure 7.3: Integrated sectors along LD and along perpendicular to LD (sample LD//RD). 
 
In order to get the lattice spacing of different {hkl} planes along LD and along perpendicular 
to LD, two sectors along these two directions, respectively, were integrated into 2θ-intensity 
spectrum, as shown in Fig. 7.3. The range of the sector is 10° in γ angle. After that, according 
to Bragg equation, 2d * sin θ = λ, one can get the lattice spacing of different {hkl} planes 
along these two different directions. The lattice strain of specific {hkl} planes can be 
determined from the changes in lattice spacing using Eq. 2-33, but the ihkld  is the lattice 
spacing of the sample at the beginning of stable elastic deformation [142]. In the present study, 
the fifth measured point in Fig. 7.2 is chosen as the first point to calculate the lattice strain. 
 
7.3 Results and discussion  
The texture dependent lattice strain evolution of different {hkl} lattice planes both parallel to 
and perpendicular to the LD are shown in Fig. 7.4 for the three samples. Due to the strong 
texture, the intensities of some {hkl} peaks, either in parallel to or perpendicular to the LD, 
are so low that it is not possible to get the peak positions. Therefore, the lattice strain 
evolution of some lattice planes may be missing in some of the figures. From Fig. 7.4, one 
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can see the texture induced anisotropy through the different responses of individual {hkl} 
planes oriented in different directions. In the randomly oriented aluminum, the lattice strains 
of other lattice planes are bounded by those of {111} and {200} lattice planes [143]. However, 
in the presently investigated samples, the lattice strains of other lattice planes are not bounded 
by those of {111} and {200} lattice planes due to the strong texture. The behavior of different 
lattice planes in the 45° and 90° to RD samples are more different than those in the RD 
sample. 
As shown in Fig.7.4, different oriented lattice planes have different stress strain responses. 
The responses of different lattice planes under an external load depend on the single crystal 
properties, on how the lattice planes are oriented with respect to the loading axis and on how 
they interact with the neighboring grains. The first factor is intrinsic property of the material, 
while the last two are extrinsic factors, both of which exert influence on the geometry of 
dislocation slips, thereby influencing the stress strain responses of individual lattice planes. 
 
 
 
 
 
 
 
 
 
 
Anisotropic Mechanical Behavior Along Different Directions of As-received AA 7020 Plate 
- 98 - 
 
  
                    (a)                                    (d) 
  
                    (b)                                    (e) 
  
                    (c)                                    (f) 
Figure 7.4: Lattice strain evolution of the RD, 45° to RD and 90° to RD samples during 
uniaxial tension as a function of elongation. (a), (b) and (c) are the lattice strains parallel to 
LD. (d), (e) and (f) are the lattice strains perpendicular to LD. 
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7.3.1 Lattice strain in elastic region 
In elastic region, parallel to LD, the lattice strains of different {hkl} lattice planes depend on 
both elastic anisotropy and texture. Since the elastic anisotropy of aluminum is small, which 
is expressed as 2C44/ (C11-C12) with a value equal to 1.22, the lattice strain differences among 
different lattice planes are not pronounced, compared to those of copper and stainless steel 
which have higher elastic anisotropy [84]. The magnitudes of the lattice strains of {hkl} 
lattice planes are influenced by texture, which makes Young’s moduli of different lattice 
planes depend on the orientations with respect to RD. The Young’s modulus of a lattice plane 
can be determined by the slope of the linear fitting of applied stress vs. lattice strain in LD 
(∆σ// / ε//,hkl), while the Poisson ratio can be determined using the slope in LD divided by the 
minus value of the slope in the perpendicular to LD (-∆σ⊥
 
/ ε⊥,hkl), equal to (-ε⊥,hkl / ε//,hkl). Fig. 
7.5 shows an example of how to obtain Young’s modulus and Possion ratio. The yield strength 
of individual lattice planes can be determined from the stress-lattice strain plot. The stress 
value where the lattice strain starts to deviate from linearity is defined as the yield strength. 
The Young’s moduli (Ehkl), Poisson ratios (νhkl) and yield strengths of the {hkl} lattice planes 
of the three samples are shown in Table 7.2. Owing to the strong texture, the intensities of 
some reflections in the 2θ-intensity spectrum are too low to determine the peak centers either 
along LD or along perpendicular to LD. Therefore, it is not possible to obtain the 
corresponding Young’s modulus and Poisson’s ratio, as shown in the Table 7.2. As can be seen 
from the table, the Young’s moduli of the lattice planes in the 45° to RD are lower than those 
in the other two directions. The stiffest reflection {111} in randomly oriented polycrystalline 
aluminum is no longer the stiffest one in the three measured samples, i.e. the Young’s 
modulus of {111} is not the largest one. Also, the softest reflection {200} in randomly 
oriented aluminum polycrystalline is not the softest one in the RD and 90° to RD samples. 
Texture influences the magnitude of lattice strain that a reflection undergoes during uniaxial 
tension. The magnitude depends on the texture itself, on how the lattice planes are oriented 
with respect to the LD and on the geometry limitation from the neighboring crystallites. It 
means that under the same external load, the lattice strains of {hkl} planes in a highly textured 
material are more limited by the neighboring crystallites than those in a randomly oriented 
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material [121], because in a randomly oriented material different {hkl} lattice planes have 
equal probability to appear in a given direction. In this case a crystallite oriented in a given 
direction has equal chance to meet crystallites oriented in other directions. However, in a 
textured material, a crystallite may have more neighbors with specific orientation. Moreover, 
the specific orientation correlation between neighboring crystallites may exert influence on 
the crystallites’ behavior [144]. It leads to the measured Young’s moduli deviating from those 
calculated by the Kröner model [121]. For instance, there are very small amount of {200} 
planes with their normal parallel to LD in the 90° to RD sample, as shown in Table 7.3 (The 
volume fractions of {111} or {200} lattice planes orientated in a given direction were 
calculated by the software MTEX [117]). The external load is distributed more to the {111} 
lattice planes, making the lattice strain of {200} smaller than that of {111}. It causes the 
measured Young’s modulus of the {200} to be larger than that of {111} in this sample. 
 
 
Figure 7.5: An example of determining the Young’s modulus and Poisson ratio. 
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Table 7.2: Young’s modulus, Poisson ratio and yield strength of different lattice planes. 
Lattice plane 200 311 420 422 220 331 111 
LD parallel to RD 
Ehkl/GPa 71.5±0.2 73.3±0.3 --- 72.3±0.3 --- --- 71.4±0.1 
νhkl 0.298±0.004 0.322±0.003 --- --- --- --- 0.301±0.002 
YS/MPa 314.1 312.3 --- 322.2 --- --- 315.4 
LD parallel to 45° to RD 
Ehkl /GPa 64.8±0.9 70.0±0.3 71.3±0.2 --- 67.8±0.1 70.9±0.1 66.9±0.5 
νhkl 0.338±0.007 0.362±0.006 0.374±0.004 --- 0.332±0.004 0.368±0.002 0.355±0.006 
YS/MPa 290.2 296.1 299.8 --- 298.6 304.7 293.6 
LD parallel to 90° to RD 
Ehkl /GPa 73.1±0.7 75.2±0.7 --- --- 71.7±0.7 72.8±0.7 70.6±0.7 
νhkl 0.368±0.009 0.349±0.007 --- --- --- --- 0.323±0.006 
YS/MPa 295.8 311.4 --- --- 312.7 308.8 298.5 
Values calculated by the Kröner model for random aluminum polycrystalline 
Ehkl /GPa 66.7 69.2 69.3 70.8 70.8 71.2 72.3 
νhkl 0.358 0.352 0.352 0.349 0.349 0.348 0.346 
 Macroscopic yield strength 
 LD parallel to RD LD parallel to 45° to RD LD parallel to 90° to RD 
YS/MPa 317.8 297.5 303.5 
 
Table 7.3: The amount of crystallites with the normal of {111} and {200} parallel or 
perpendicular to the LD (volume fraction %). 
Samples LD// RD LD//45° to RD LD//90° to RD 
Crystallites with the normal of {111} parallel to the LD 0.147 0.025 0.172 
Crystallites with the normal of {200} parallel to the LD 0.031 0.050 0.007 
Crystallites with the normal of {111} perpendicular to the LD 0.172 0.028 0.147 
Crystallites with the normal of {200} perpendicular to the LD 0.007 0.084 0.031 
 
7.3.2 Lattice strain in elastic plastic transition region 
When it approaches the elastic plastic transition region, anisotropic behavior of individual 
lattice planes oriented in different directions with respect to the rolling coordinates can be 
directly observed, which gives a hint of the texture induced anisotropy. The lattice strain 
differences among different {hkl} lattice planes are larger in the 45° and 90° to RD samples 
than those in the RD sample, indicative of a more diverse load redistribution, as shown in Fig. 
7.4 (a) to (c).  
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Parallel to LD, in the RD sample, the lattice strain of {311} inflects while the lattice strains of 
{111}, {222} and {200} still increases linearly, indicating that in this sample the {111}, {222} 
and {200} are the lattice planes which carry more load in the elastic plastic transition region. 
Similarly, in the 45° to RD sample, {111} and {222} carry more load than {311}, {331} and 
{420}, and in the 90° to RD sample, {111} and {222} carry more load than {220}, {311} and 
{331}. All the other lattice planes appeared in Fig. 7 (a) to (c) but not mentioned above, carry 
load that are between maximum and minimum. In contrast, in the aluminum with random 
orientations, the {111} carries the highest load and the {200} carries the lowest load in the 
elastic plastic transition region [86]. Therefore, the lattice strain behavior shows that load 
redistribution in the elastic plastic transition region is texture-dependent. However, the {111} 
lattice planes are the main load carrier in all three samples. Perpendicular to LD, the lattice 
strains of different lattice planes are controlled by Poisson contraction and interaction 
between neighboring crystallites, which will be more discussed in the section 7.3.3.  
The yield strengths of individual {hkl} lattice planes in different directions are shown in Table 
7.2. The {hkl} lattice planes of the 45° to RD sample have the lowest yield strengths among 
the three samples, which reveal the reason why the macro yield strength of this sample is the 
lowest. Texture changes the dislocation slip geometry which is determined by both the 
orientations of the {hkl} lattice planes with respect to the LD and the orientations between 
{hkl} lattice planes and their neighboring crystallites. They lead to a larger resolved shear 
stress in the 45° to RD [145], resulting in the lower lattice plane dependent yield strength in 
this direction.  
 
7.3.3 Lattice strain in the plastic region 
In the plastic region, the differences of stress-strain response among {hkl} lattice planes are 
more evident than those in the elastic region, depending on the initial texture, as shown in Fig. 
7.4. However, in this region parallel to LD, except the abnormal behavior of the {200} lattice 
planes, work hardening behavior can be mainly divided into two groups, which is deduced 
from the slope of the lattice strain vs. elongation curve, as shown in Fig. 7.4 (a)-(c). The first 
Anisotropic Mechanical Behavior Along Different Directions of As-received AA 7020 Plate 
- 103 - 
 
group shows a very small work hardening rate such as the {222} and {420} in the 45° to RD 
sample, as shown in Fig. 7.4 (b). The second group shows an increasing lattice strain curve. 
The slope of the lattice planes in this group is almost the same, e.g. the {111}, {220} and {311} 
in the 45° to RD sample. The work hardening behavior of the other lattice planes which do 
not belong to these two groups show intermediate situation between the two groups. When it 
gets close to UTS, the work hardening behavior of almost all lattice planes becomes similar, 
which may be attributed to the dislocation density inside the material. In chapter 6, it is found 
that dislocation generation and annihilation became balanced with each other in this region. 
The two types of the work hardening behavior can be attributed to the stress states which the 
individual lattice planes undergo. Bishop established that four different types of 
crystallographic stress states can activate polyslip [127], and Kocks investigated the work 
hardening behavior of the different types of polyslip [125]. Based on their results, the two 
work hardening behavior are caused by the so called [100] tension and [111] tension stress 
states, respectively. The [100] tension stress state activates 8 slip systems. The combination of 
these 8 slip systems cannot make contributions to the hardening on the effected lattice planes. 
By contrast, the [111] tension stress state activates 6 slip systems, but it can harden the 
effected lattice planes. Those lattice planes whose work hardening behavior are between the 
two groups are in the stress state which is in the combination of the [100] tension and [111] 
tension.  
The abnormal behavior of {200} lattice planes are attributed to two factors. One is the amount 
of crystallites with the normal of {200} lattice planes parallel to or perpendicular to the LD, 
i.e. texture, which are shown in Table 7.3. The other one is whether the <110> directions of 
the {200} planes are stressed or not, depending on the interactions between neighboring 
crystallites. When the <011> directions of the {200} planes are stressed, the activated slip 
systems are (111)[10-1], (111)[01-1], (11-1)[101] and (11-1)[011]. If the amount of slip on the 
4 activated slip systems is the same, the deformation is asymmetric. It will cause large 
contraction in the [001] direction [86, 146]. If the contraction is along the LD, it will cause 
tensile stress to the {200} lattice planes, as shown in Fig. 7.4 (c). If the contraction is opposite 
the LD, it will cause a compressive stress to the {200} lattice planes, as shown in Fig. 7.4 (b). 
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However, as the deformation goes on, the lattice planes rotate in such way that the <110> 
directions of the {200} planes are not stressed, resulting in the decrease of the contraction 
along the [001] direction.  
Perpendicular to LD, the lattice strain evolution after yield is mainly controlled by the Poisson 
contraction and the interactions among neighboring crystallites, the latter of which is strongly 
related to the texture. The effect of the interaction among neighboring crystallites can be 
demonstrated by lattice strain evolution differences of the {111} and {222} lattice planes, as 
shown in Fig. 7.4 (e) and (f). The reason for this is that the difference of the 2θ values for 
{111} and {222} is around 3.5° under the experimental condition. And notice that the lattice 
strain is averaged from the crystallites orientated within 10° around the direction 
perpendicular to LD. In this case, 3.5° is a large enough angle to change the environment of 
the neighboring crystallites, leading to different lattice strain evolution of the {111} and 
{222}. The lattice strain of {200} in the 45° to RD sample shows positive values, which 
indicates that both the <110> directions of {200} are stressed and there are sufficient amount 
of crystallites with the normal of {200} perpendicular to the LD, as shown in Fig. 7.4 (e) and 
Table 7.3. Under this condition, the contraction along the [001] direction can offset the 
Poisson contraction. However, in the RD and 90° to RD samples, there are not enough such 
crystallites so that the lattice strains of {200} only experience tensile stress at the beginning of 
this region, as shown in Fig. 7.4 (d) and (f). 
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7.4 Summery of the anisotropic mechanical behavior 
The lattice strain evolution along the three directions, i.e. RD, 45° to RD and 90° to RD of a 
highly textured AA 7020-T6 alloy shows that the lattice-dependent Young’s moduli, yield 
strengths, the amount of {hkl} lattice planes oriented in a given direction and the interactions 
with the neighboring crystallites, leading to the macroscopic anisotropy which exhibits the 
lowest yield strength and UTS along the 45° to RD and highest along RD.  
In the elastic region, the texture-dependent lattice strain evolution indicates that the 45° to RD 
sample have the smallest reflex-dependent Young’s modulus. Furthermore, the deviations of 
the measured Young’s moduli from those calculated by the Kröner model for polycrystalline 
aluminum with random orientations, are related to the amount of {hkl} lattice planes in a 
specific direction and the deforming limits from the neighboring crystallites.  
In the elastic plastic region, due to the low elastic anisotropy of aluminum, the 
reflex-dependent yield strengths show only small variation for each sample. The 45° to RD 
sample has the lowest reflex-dependent yield strength among the three samples. The variation 
of lattice strain shows that differently oriented grains undergo different stresses. This effect is 
greatest in the 45° to RD sample.  
In the plastic region, parallel to LD, the so called [100] tension and [111] tension stress states 
are dominant in all the three samples, resulting in two groups of strain hardening behavior. 
The abnormal behavior of {200} lattice planes is related to whether the <110> directions of 
{200} are stressed, which induces a contraction along the [001] direction. If the contraction 
along the [001] direction is parallel to the LD, it will induce a tensile stress on {200} lattice 
planes. If the contraction along the [001] direction is opposite to the LD, it will induce a 
compressive stress on {200} lattice planes. Perpendicular to LD, the lattice strain of 
individual lattice planes are controlled by the Poisson contraction and the interactions among 
the neighboring crystallites. The {200} lattice planes of the 45° to RD sample exhibit positive 
lattice strains due to both the contraction along the [001] direction of {200} lattice planes and 
the amount of {200} lattice planes, which are strongly related to the initial texture.  
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8. Conclusions and recommendations  
1. The texture evolution of the AA 7020-T6 sample with initial texture sharpness around 10 
mrd (loading axis parallel to RD) shows that the main orientations remain concentrating 
on copper type texture during tensile test due to the small deformation from initial state to 
sample fracture. The brass component shows an increasing trend during the whole tensile 
test. From yield to fracture, the volume fractions of grains with <111> and <100> parallel 
to the LD increase monotonously, indicating some grains tend to align their <111> and 
<100> to the LD.  
2. Lattice strain evolution of the sample with initial texture sharpness around 10 mrd 
(loading axis parallel to RD) shows that in the elastic region, the {111} lattice planes are 
the stiffest ones, as in theory, but the {200} lattice planes are not the most compliant ones 
due to the interactions with neighboring grains having other orientations. The Young’s 
modulus of {311} lattice planes is less affected by the texture with 10 mrd sharpness, 
which is almost the same as that of the {311} in a randomly oriented polycrystalline 
aluminum. In the plastic region, the work hardening behavior is mainly controlled by the 
two types dislocation arrangements, the so called [111] tension stress state and [100] tension 
stress state. Load release firstly starts on the {111} and {222} lattice planes before UTS. 
Further beyond UTS, all lattice planes experience load release. 
3. The dislocation density evolution of the sample with initial texture sharpness around 10 
mrd (loading axis parallel to RD) shows that in the elastic region, dislocation density 
decreases as the elongation increases. From yield to half way between yield and UTS, the 
dislocation density increases rapidly, which causes the work hardening. Near UTS, the 
dislocation density fluctuates around a certain value, resulting from the balance between 
dislocation generation and dislocation annihilation. Further beyond UTS, some grain 
orientations show further work hardening while other grain orientations show softening. It 
leads to a slight increase in the dislocation density. In the fracture region, a significant 
increase of dislocation density is observed. It results from the reversal of elastic 
deformation (like a relatively compressive stress) which is absorbed by the measured area 
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(outside the necking zone). Moreover, from yield to half way between yield and UTS, the 
correlation between flow stress and dislocation density satisfies the Taylor equation. 
4. A method for correcting the peak broadening caused by sample thickness is developed for 
X-ray diffraction in transmission geometry. 
5. Three flat tensile samples which exhibit the copper type texture with maximum 
orientation density of 29.7 mrd are used to investigate the anisotropic mechanical 
behavior induced by texture. The loading axes of the three samples are along RD, 45° to 
RD and 90° to RD, respectively. The uniaxial tensile tests were done till UTS, which show 
different yield strengths, UTS and elongations along the three directions. The macroscopic 
anisotropy is consistent with the reflex-dependent lattice strain evolution, which explains 
the correlation between crystallite orientations and different mechanical behavior. In the 
elastic region, the 45° to RD sample has the lowest reflex-dependent Young’s modulus, 
compared to the other two directions. In the elastic plastic region, due to the low elastic 
anisotropy of aluminum, the reflex-dependent yield strengths show only small variation for 
each sample. The 45° to RD sample has the lowest reflex-dependent yield strength among 
the three samples. The variations of lattice strain show that differently oriented grains 
undergo different stresses. This effect is most evident in the 45° to RD sample. In the 
plastic region, the work hardening behavior of different {hkl} lattice planes are also 
controlled by the two types dislocation arrangements, the so called [111] tension stress state 
and [100] tension stress state. The {200} lattice planes of 45° to RD sample behave 
abnormally due to the stress along <110> of the {200} planes and the orientation density 
of {200} lattice planes parallel to and perpendicular to the LD, both of which are 
dependent on the texture.  
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Recommendations 
There are numerous directions along which the work presented in this dissertation may be 
extended. However, the following points are recommended: 
1. It is necessary to make simulations on the deformation behavior of a texture material, to 
find out the correlations among texture evolution, lattice strain evolution and dislocation 
evolution, using finite element model or elastoplastic self-consistent model. 
2. To quantitatively describe the texture effects on the Young’s modulus. This needs a model 
which takes into account the orientation correlation between neighboring grains, the 
amount of grains oriented in a special direction and the interactions between grains having 
different orientations.  
3. It is necessary to develop a way to investigate how the dislocations evolve on any specific 
{hkl} lattice planes during tensile test. 
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